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Abstract 
 
With the demand to overcome the issues concerning environmental pollution of fossil fuel in 
large-scale system and various fields, numerous efforts have been devoted toward a design of 
rational energy storage system (ESS) in order to substitute present energy source. While lots of 
systems are suggested, lithium-ion batteries (LIBs) have been attracted as one of the promising 
ESS among various storage devices. Existing one which consists of a graphite anode 
unfortunately have the trouble to fulfilling required condition such as high power and energy 
density. Thus, new type of anode materials has been developed to achieve mentioned 
specifications. As possible candidates, silicon (Si) and germanium (Ge) have been emerged owing 
to their high gravimetric/volumetric capacity and low operating voltage. Nevertheless, those 
materials remain under challenge level because inferior electronic properties have the limit to 
catch high power density and unexpected volume expansion on a lithiation process into materials, 
resulting in the electrode failure and capacity decay where factors influence safety and stability 
issues in LIBs system. 
Here, we introduce approaches through dimensional manipulation to proceed. Overall synthetic 
processes are focused on versatile method, a possibility of mass production and evaluation 
methods obviously demonstrate intrinsic/extrinsic characteristic ways. With in situ 
microscopic/electrochemical techniques, specific properties and electrochemical reaction 
mechanism of synthesized materials are clearly unveiled to facilitate power density enhancement 
and volume change suppression.   
In Chapter II, we present zero-dimensional (0D) carbon wrapped-hollow Si microparticles 
which possess porous shell structure from various silica source regardless of their shape. Sequent 
top-down and bottom-up processes fabricate uniform 0D Si and a key factor for unique formation 
mechanism is verified through ex situ characterization and simulation results. In electrochemical 
view, creating cavities in a core and pores in the shell alleviate volume expansion and enable short 
ion-diffusion length. Surface carbon layer additionally provide fast electron movement to 
guarantee stable and considerable power density. Besides, in situ transmission electron 
microscopic (TEM) demonstrate the stability of morphological structure on charge/discharging 
cycle.  
In Chapter III, we design one-dimensional (1D) Ge/zinc (Zn)-based nanofibers. Homogeneous 
Ge/Zn nanofibers via electrospinning method and solid-gas reduction reaction own atomic-level 
distribution of each element. Well-dispersive metallic Zn in Ge nanofiber could effectively 
improve electronic conductivity/volumetric stability and nanosized structure also features facile 
ion transport and stress release by volume expansion on electrochemical cycles. In situ 
VII 
 
TEM/electrochemical impedance spectroscopy (EIS) deeply investigate the critical role of ionic 
bond of Zn element in Ge nanofibers. 
In Chapter IV, we introduce additional 1D Ge nanofibers, which feature numerous sizes of 
pores in whole morphological structure. Intrinsic metal oxide characters based on Ellingham 
diagram enable to carve heterogenous pore in and out of nanofibers. This structure shows stable 
electrochemical cyclability without a large volume expansion. Further, we confirm the unique 
behavior of Ge, called memory effect in LIBs. In situ TEM characterization supports that 
numerous pores work as volume buffer sites and keep spatial reversibility on charge/discharge 
cycles. 
In Chapter V, we finally suggest synthetic method of three-dimensional (3D) porous Ge clusters 
from zeotype-borogermanate microcubes, artificial Ge-rich zeolite. This starting material is 
prepared in a large quantity through a simple hydrothermal process as followed by sequential 
thermal and etching treatment to produce 3D porous Ge. As-fabricated product interestingly 
behaves like a pseudocapacitance exhibiting fast electrochemical kinetics. Further, the as-formed 
pores build up stable solid electrolyte interphase (SEI) layer on the surface for prolonged cycles, 
improving cycle stability. 
In Chapter VI, we briefly provide the insight for the correlation of the dimensions and 
electrochemical properties toward advanced lithium storage system. To handle unsettled issues in 
large-scale lithium batteries, it is essential to look around the overall circumstances to match the 
specific purpose.  
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1. Introduction 
 
1.1 Energy storage system 
 
Numerous energy sources have employed where a fossil fuel has been considered one of the 
common sources to generate and supply the power to operate devices and systems. Meanwhile, 
with the demand of eco-friend and sustainable development in energy field, renewable energy 
usage such as  solar1, geothermal2, biomass3, wind4, electric5, hydroelectric6 forms and energy 
storage system have been emerged as sustainable design to facilitate efficiently obtained energy 
from renewable sources. Besides, depending on types of energy storages, energy could be saved 
as electrochemical (batteries7, flow batteries8, hydrogen9), mechanical (Flywheels10, compressed 
air11), electrical (capacitor12, supercapacitor13, superconductive magnetic14), and thermal (hot 
water15, thermal fluid16, ceramic thermal17) storages18, 19. 
Unfortunately, environmental resources like solar and wind could not sustain the required 
amounts, which mean that these are not reliable ones to operate the power due to the caprice of 
the climate. So, to achieve stable energy supply and deal lots of energy amounts, electrical energy 
storage using electricity should act as a key player in worldwide energy consumption to facilitate 
various energy devices such as grid-scale energy storage, electric, and hybrid vehicles while 
replacing fossil fuel to result in green house gas20.  
Electrical energy would be converted as another form(e.g. chemical or mechanical type) of 
energy along the need of usage. In particular, electrochemical conversion technologies, which 
generate the power through the switch between chemical and electric energy, have been attracted 
with benefits of high reversibility, facile conversion operating, and considerable energy density21. 
In accordance with the required power/energy, various types of operating systems, divided by 
occurred electrochemistry in storage and conversion principles22.  
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Figure 1-1. Comparison types of energy storage system18. 
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Figure 1-2. Application of electric storage from small size to large girds20. 
 
 
 
 
 
 
 
4 
 
 
 
 
 
Figure 1-3. Ragone plot for electrical energy storage technologies22. 
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1.2 Lithium-ion batteries  
 
Lithium-ion batteries (LIBs) are one of well-known rechargeable energy conversion 
technologies between electric and chemical forms, quite reliable and meet the global demands for 
environment and versatility23-25. LIBs consist of four key components (anode26, cathode27, 
electrolyte28, and separator29) to generate and store electric energy in devices. Both anode and 
cathode participate in realizing capacity while electrolyte provides the pathway of Li-ion 
transportation. Meanwhile, the separator electrically blocks the direct contact of the anode and 
cathode on electrochemical reaction. According to the charge process, anode accepts Li-ions and 
electrons from electrolytes and external circuit, respectively whereas cathode loses each charge 
carriers from the electrode. The discharge process follows reverse reaction direction while the 
anode gives the Li-ions and electrons to the cathode part. In this respect, each electrode should 
feature Li-active materials, which accumulate and export the Li-ions reversibly.  
Cathode materials are composed of Li-stored transition metal oxides (LiMOx, M:metal, 
O:oxygen). Firstly, two-dimensional layered structure of lithium cobalt oxide (LiCoO2, LCO) had 
been suggested, reacting through Li intercalation/deintercalation into layers of LCO on 
charging/discharging process. Besides, three-dimensional spinel structure of lithium manganese 
oxide (LiMn2O4, LMO), and one-dimensional spinel structure of lithium iron phosphate (LiFePO4, 
LFP) have been recently introduced as potential cathode materials30-32. Likewise, general cathode 
materials involve transition metals, which enable the change of oxidation states allowing Li-ions 
to store/export in cathode reversibly. 
In case of anode materials, these are divided into three types along the reaction mechanism, 
intercalation, conversion, and alloying reaction33-36. The intercalation (insertion) mechanism, 
representatively graphite and lithium titanium oxide (Li4Ti5O12, LTO), is similar with cathode 
materials showing that Li-ions are stored in vacant sites in lattices of anode materials, showing 
that these barely experience structural deformation on charging process. On the other hand, anode 
materials with alloying mechanism realizes high gravimetric capacity compared with materials 
with intercalation mechanism however alloying reaction causes dramatic volume change, 
resulting in electrode failure and low efficiency of batteries. In this regard, the commercialized 
batteries have been released, assembled with graphite anode due to safety issue, only applying 
small sized devices like smartphone and laptop. So, it is essential to develop high capacitive anode 
materials toward the application of electric vehicles and large-scale energy storage system37.    
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Figure 1-4. Electrochemical reaction of lithium-ion batteries in terms of charge/discharge 
process23.  
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Figure 1-5. Three types of different electrochemical reaction in anodes for lithium-ion batteries36. 
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Figure 1-6. Comparison of potential and specific capacity of active materials37. 
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1.3 High capacity anode materials 
 
Graphite anodes, now commercialized materials, exhibits stable cyclability for long life span as 
mentioned. However, intercalation mechanism of graphite, which accepts Li-ion into each 
graphene layers for electrochemical reaction, cannot perform a high specific capacity toward 
desired battery system requiring high power/energy density in large-scale devices. Thus, it is 
essential to develop higher capacity to generate advanced electrochemical performance in same 
condition to meet the high specification. Therefore, alloying materials like silicon (Si), 
germanium (Ge) have been emerged as one of the promising candidates to satisfy high energy 
density batteries due to reaction mechanism where many Li atoms can accumulate in each Si or 
Ge atom (M + xLi+ + xe- → LixM, M: Si or Ge, 0 < x < 4.4)38, 39. 
Nevertheless, alloy-type materials accompany with uncontrollable volume expansion during 
charging/discharging process. So, the electrode suffers from pulverization, fracture, contact loss 
with a current collector, and followed by electrode failure. To alleviate volumetric change on 
electrochemical reaction, various strategies have been designed through nanostructuring40, 41, 
reducing dimension42, 43, morphology modification444, 45, forming coating layer46-48, introducing 
doped elements49, and mixing another material as composites50-54. 
The nanostructure alloying materials prevent critical pulverization and fracture formation while 
inserting Li-ions into the electrode as well as enable that Li-ion experience short ion diffusion 
length55. Lower dimensional, 0D (spheres)56, 1D (fibers)57, and 2D (sheets)58 structures, 
synthesized via various synthetic approaches, also provide stress-relief properties which persist 
stable cyclability. Further, high surface area-to-volume of low dimensional materials utilizes 
numerous contact points for Li-ion electrochemical reaction. Besides, hollow or porous 
morphological structures provide available cavities to accumulate volume change during alloy 
reaction59. Additionally, doping and composites integrities can improve electrical and mechanical 
properties extrinsically/intrinsically. Doping elements influence density of states of Si or Ge 
anodes, enhancing intrinsic electrochemical characteristics60-62. Composites/coating layers 
compensates inferior electronic conductivity of materials and buffer volume change, resulting in 
stable cycle retention at fast power density while maintaining such highly developed energy 
density63.  
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Figure 1-7. Schematic summary of issues of alloying materials and suggested strategies54. 
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Figure 1-8. General strategies for enhanced electrochemical performance of alloying materials63. 
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Chapter Ⅱ. Revealing salt-expedited reduction mechanism for hollow 
silicon microsphere formation in bi-functional halide melts 
 
 2.1 Introduction 
 
Crystallogen compounds have been the backbone of various energy applications1-4, leading to 
the developments of further purification methods for its naturally occurring oxide forms. 
Elimination of oxygen elements from well-defined structure requires a high energy, in principle, 
which can be viable through gaseous reduction by hydrogen or natural gas5, solvothermal 
reduction6, and thermochemical reduction reaction (TRR)7-10. Among them, thermochemical 
process has been extensively investigated owing to its cost-effectiveness, scalability, precise 
quantification of precursors based on the stoichiometry, and versatility toward multiple choices 
of metal oxides11-13. The conversion of Si from SiO2 through thermochemical process provides a 
general understanding on their mechanism under the given principle of Ellingham diagram and 
as-reduced semi-conducting Si materials have been particularly utilized as anodes in lithium-ion 
batteries (LIBs)13-16.  
Typical thermochemical process follows one-to-one exchange of oxygen atoms between metal 
reductants and SiO2 initiated by a sufficient thermal energy (carbon for >1400 °C and metals for 
> 420 °C)17. As activated carbon or metal reductants undergo the explosive reactions of M (metal 
or carbon) + SiO2 (s) → MO2 (or carbon monoxide) + Si (s), easily etchable by-products are 
generated along with a large amount of exothermic heat. This extensive and accumulated energy 
of entire system will greatly increase the risk of explosion and accordingly, appropriate mediation 
of system energy should be addressed. For this purpose, salt-assisted thermochemical reactions 
are proposed where the molten salts absorb the heat of reactions (ΔE) and slow down the overall 
kinetics13, 18-20. However, even at this configuration, it is obvious that reactants are supposed to 
follow the above reaction path and molten salts perform the role of heat scavenger, which do not 
have any influence on types, spontaneity, and thermal redox pair of reactions. 
The role of molten salts recently extended far beyond a kinetic controller and rather it 
effectively participated in the reduction process by providing a reactive medium to the system; 
Lin et al. introduced a low temperature molten salt process21. It was demonstrated that SiO2 can 
be reduced in the presence of metallic aluminum (Al) and aluminum chloride (AlCl3) molten salt 
medium at relatively low temperature of around 250 °C. Unlike a conventional understanding of 
thermochemical process, metal reductants are not directly activated by thermal energy from 
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outside but assumed to be activated by excessive molten salt streams, indicating that AlCl3 molten 
salts take part in the reaction. Besides, the proposed driving force of this reaction is an ionization 
process which could occur to produce ions and electrons at a solvated state with a strong reducing 
power. In addition, Zhou et al. adapted the same experimental set up for a formation of Si hollow 
microspheres22, while crucial questions, such as exact reaction mechanism of newly proposed 
reduction systems, a dramatic reduction at low reaction temperature, and influence of AlCl3 in the 
overall systems, are still not unveiled. Although several possibilities were proposed in the 
previous works, it cannot fully elucidate the whole reaction mechanism of thermochemical 
process in the molten salt system at such a low temperature.  
In this study, we establish the whole reaction pathway for the reduction of SiO2 with metal 
reductants and AlCl3 molten salts medium as follows: (I) Complex formation between Al and 
AlCl3, (II) SiO2 reduction with adsorbed Al-complex, and (III) recrystallization of Si seed to 
produce hollow porous Si sphere (HPSS) demonstrated by density function theory (DFT) 
calculations and consistent experimental results. In the calculated reaction mechanism, AlCl3 
molten salt contributes to the formation of Al-AlCl3 complex, which subsequently promotes the 
reduction of the silicate surface at low temperature. A ligand of Al-AlCl3 complex is readily 
separated from the complex into AlCl3 or AlCl2* and passes Cl to complex center Al until AlCl* is 
formed. Then, the remaining AlCl* draws oxygen atom from the SiO2 surface. Successive 
reduction reaction results in the formation of aluminum oxychloride (AlOCl), the reduction of 
by-product, and the clustering of Si atoms to HPSS. The HPSS electrodes have a stable battery 
operation for a long electrochemical cycling, enabled by plenty of pores and void spaces to 
accommodate large volume change of Si anodes through in-situ transmission electron microscopy 
(TEM) validations. In particular, a large dimension of HPSS particles over 3 μm significantly 
increases the electrode density without further calendaring process and thus high volumetric 
energy density is attained both in half/full-cell demonstration. 
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2.2 Experimental method 
 
Materials. Halloysite, Montmorillonite, Kaolinite, Nano clay, and nano-sized silica (10-
20nm), anhydrous aluminum chloride (AlCl3), and Hydrofluoric acid (HF, 49%) were 
obtained from Sigma-Aldrich. Micro-sized silica (1μm), aluminum metal, Hydrochloric 
acid (HCl, 35-37%) was purchased from Alfa Aesar, Angang, SAMCHUN, respectively. 
All of the chemicals were used without any purification. 
Computational Modeling & Simulation Details. We investigated the molten AlCl3 salt-
expedited Si-reduction mechanism over silicate surface using Dmol3 program30-33. The 
reduction mechanism was predicted to be a two-step reaction; the formation of metal 
complex, which is clustered AlCl3 around atomic Al detached from metallic Al surface, 
and the reduction of silicate surface by the adsorbed complex. The most stable (111) 
surface of Al was used when the metal complex was investigated for the calculation. The 
silicate surface was a monolayer kaolinite, which is the dehydrated form of halloysite, 
because the reduction reaction occurs with the decomposed crumbs from the halloysite 
as shown in the experimental procedure. Even though kaolinite has a layered silicate 
structure, consisting of the corner-sharing SiO4 sheet linked to the edge-sharing AlO6 
sheet, only reactions on SiO4 sheet, i.e. kaolinite (001̅)  surface, were taken into 
consideration for mechanism calculation in order to readily observe the formation of a 
new Si-Si bond. For the DFT calculation, we employed the Perdew-Burke-Ernzerhof 
(PBE) exchange-correlation functional32 and DNP 4.4 basis set with the all-electron 
relativistic core treatment. The convergence criteria for energy, force, and displacement 
were set to 1×10-5 Ha, 0.002 Ha/Å, and 0.005 Å, respectively. To include the dispersion 
correction of the van der Waals effect, the Tkatchenko-Scheffler scheme was used33. In 
terms of model systems, we constructed two slab models for trilayer Al (111) and 
monolayer kaolinite (001̅) , respectively (Supplementary Figure 1). Al metal slab 
model was constructed with the 3×3 supercell of (111) surface and 3 atomic layers and 
for the kaolinite slab, the 2×3 supercell of kaolinite (001̅) was used. 
HPSS and HPSS@C Synthesis. In the Argon (Ar)-filled glove-box, 1.0 g of Halloysite 
was mixed with 0.8g of Al and 8.0g AlCl3 in custom-made stainless steel (SS) reactor 
with completely sealed. This reactor was transferred to the furnace and then heated at 
20 
 
250 °C for 10 h under Ar atmosphere continuously. After cooling down, the reactor was 
brought out and as-synthesized product (Si/SiO2/AlOCl/AlCl3, (i)) was rinsed with 
deionized water (D.I water) for several times, followed by filtrating it with ethanol and 
D.I water and drying at 80 °C overnight (Si/SiO2/AlOCl, (ii)). Then, Si/SiO2/AlOCl 
sample was leached with 1.0M HCl for 1h at 35 °C to remove the AlOCl, followed by 
same filtration and dry step (Si/SiO2, (iii)). Finally, 5% HF treatment completely eliminate 
residual SiO2 with same filtration and dry steps (HPSS). All silicon products using other 
silica precursors was synthesized by same procedure. Finally, for HPSS@C, HPSS was 
heated at 900 °C for 1 min in acetylene gas (C2H2, 99.9%) at a flow rate of 500 cc/min. 
Materials characterization. The morphological analysis and elemental mapping was 
carried out by the field-emission scanning electron microscopy (FE-SEM, Nova 230, FEI) 
and scanning transmission electron microscopy (STEM, Titan 80-300/FEI) with EDX 
detector operated at 300kV. X-ray diffraction (XRD) pattern was acquired by using 
Bruker D8-advance, which were conducted at 3 kW using Cu Kα radiation in the θ range 
from 20° to 80°. Raman spectra was obtained by a confocal Raman (alpha 300R, WITec) 
with 532 nm of wavelength laser. Auto Physisorption Analyzer (ASAP2020 Analysis) 
was used for BET and BJH analysis to investigate the surface area and pore size. For 
checking carbon weight portion after carbon coating process, thermogravimetric analysis 
(TGA, Q500) was used with 10 °C/min ramping rate under oxygen gas (O2) flow. The 
XPS (ThermoFisher, K-alpha) analysis were carried out to obtain quantitative/qualitative 
information on surface oxidation state of samples.  
In situ TEM observation. The solid state nanobattery was constructed to observe the 
electrochemical reaction in the real time as illustrated in Figure 2-4a. The samples were 
loaded on Al wire as the working electrode, which occupied one side of nanofactory STM 
holder. Li metal was scratched out by the tungsten (W) tip mounted on the other side of 
the holder as the counter electrode. This process was carried out in Ar-filled glove-box, 
then, the holder was transferred to the TEM. Li metal was shortly exposed to the air (< 
2s) while lithium oxide (Li2O) was formed to be a solid electrolyte in this system. The 
electrochemical reaction, lithiation/dethiation was driven by external bias applied to the 
nanobattery.  
Electrochemical characterization. A slurry consisting of active materials, Super-P: poly 
(acrylic acid) (PAA)/ carboxymethyl cellulose (CMC) (1:1 weight ratio) in a weight ratio 
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of 80:10:10 were blade-coated on Cu foil with active loading level of 1.0-1.5mg cm-2. 
2032-type coin cells (Welcos) were assembled in an Ar-filled glove box using Li metal as 
the counter/reference electrode, a Celgard 2400 membrane (polyethylene) as the separator, 
and 1.3M LiPF6 in a mixture of ethylcarbonate (EC) / dimethylcarbonate (DMC) (3:7 v/v) 
including 10 wt% Fluoroethylene carbonate (FEC) as the electrolyte, and 1M LiPF6 as 
the lithium salt under Ar atmosphere. The electrochemical performance was evaluated by 
galvanostatic measurement using a battery cycler (Wonatech, WBCS-3000) in the 
operating voltage of 0.005-1.5V (1st cycle) and 0.01-1.2V for further cycles at room 
temperature. In full-cell test, the LiCoO2 (LCO) was adopted as cathode materials with a 
N/P ratio of ~1.1. The cathode was fabricated with active materials, Super-P, and 
polyvinylidene fluoride binder (PVdF) in a weight ratio of 95:2.5:2.5. The mass loading 
level of the cathode was ~19 mg cm-2. Th full-cells were performed in the operating 
voltage of 2.5-4.2V. 
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2.3 Results and discussion 
 
Whole reaction pathway of low temperature aluminothermic reduction reaction (LTARR). 
The overall procedure to produce HPSS is illustrated in Figure 2-1a. When the mixture, composed 
of various silica sources, metallic Al, and dry AlCl3, was heated at well above the melting point 
of AlCl3 (~192 ℃), the LTARR favorably occurred inside a home-made closed reactor. As the 
reaction proceeded to form a molten salt, silica was disintegrated into crumbs and reduced 
gradually into the Si to still separate each other. Afterwards, as-produced Si seeds underwent the 
recrystallization process, assembling themselves to the hollow and porous structure of Si 
microsphere. Herein, the reduction mechanism on disintegrated silica crumbs was investigated by 
the DFT calculation (see computational modeling and simulation details in experimental method). 
In order for the reduction reaction to occur at such a lower temperature than the melting point of 
metallic Al (~660°C), Al was predicted to be solvated by the molten salts to form a complex. The 
reduction mechanism is found as a two-stage reaction undergoing two paths; the formation of Al-
centered complex with AlCl3 salts and the reduction of silica surface by adsorbed Al-AlCl3 
complex (Figure 2-1b). Unlike the previous expectation on the reduction reaction by the activated 
Al21, 23, the mechanism proposed here is the reduction reaction by the activated AlCl* from the 
ligand of the Al-AlCl3 complex. In forming the activated AlCl*, two reaction paths with slightly 
different reaction order are suggested from thermodynamic calculations; path a, in which the 
ligand AlCl3 is solely separated from the Al-AlCl3 complex and successive two-times transfers of 
Cl’s take place, whereas path b, in which AlCl2* is detached from Cl-sharing ligand formed 
through ligand rearrangement and undergoes the transfer of Cl. Detaching oxygen atoms by AlCl* 
from the silica surface resulted in the formation of aluminum oxychloride (AlOCl), the by-product 
of reduction, and a new Si-Si bond is formed. Successive reduction reactions, which generated 
many AlOCl molecules, could provide a clustering environment of Si atoms to be a Si seed. As 
confirmed by experimental works, Si seeds, which are made from successive reduction on SiO2 
crumbs, become recrystallized into spherical shell via localized Ostwald ripening process, and 
inner crystal seeds dissolve away to reduce the surface energy resulting the formation of HPSS.  
Al dissolution in molten salts. For the initiation of the considered reduction reaction, the 
probable configurations of adsorbed salts and salt-solvated structures on Al metal surface were 
theoretically investigated. Since dimers and monomers coexist in the molten AlCl324 and three 
AlCl3 units can completely cover a single Al atom on the Al metal surface, two possible 
conformations of salts in molten state (i.e., 3AlCl3 or Al2Cl6 + AlCl3) were placed on the bare Al 
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metal surface, respectively. Here, we denoted the group of three separate AlCl3 molecules as 
3AlCl3, and the group of AlCl3 dimer and monomer as Al2Cl6 + AlCl3. More probable structure 
among them was determined by comparing the adsorption energies and the change of electronic 
structure by adsorbed salt molecules (Supplementary Figure 2). As 3AlCl3 adsorbed onto the 
surface, a larger adsorption energy (Ead) was released than when Al2Cl6 + AlCl3 were adsorbed. 
The surface charge of the bare Al metal was about 0.085e on average, where overall charge was 
lied in between 0.078e and 0.095e. When Al2Cl6 molecule was adsorbed on the surface, the partial 
charges of Al atoms around the adsorbent were slightly changed to 0.029e ~ 0.173e. However, in 
case of the adsorption of 3AlCl3, the Al charges near the adsorbents showed significant changes 
to -0.617e ~ 0.269e. Note that electrostatic potential (ESP) mapped electron density surface 
presents the chemical interaction between Al and AlCl3 (Supplementary Figure 2e) in contrast to 
no interaction of Al2Cl6 with Al (Supplementary Figure 2f). As shown in Supplementary Figure 
3a, we estimated that the Al dissolution required the energy about 1.14 eV, whereas a stable 
dissolution structure by Al2Cl6 + AlCl3 could not be acquired. While an Al atom was detached 
from the metal surface by 3AlCl3, it was coordinated with Al and Cl atoms of two adjacent AlCl3 
molecules at distances of 2.6 and 2.4 Å, respectively (Supplementary Figure 3b-d); the Al-AlCl3 
complex was formed. 
Figure 2-2 shows an experimental observation of Al dissolution accelerated by the molten salts. 
Pristine Al metals have a typical spherical structure (1-10 μm) with a smooth surface, while its 
size should be maintained as smaller as possible to guarantee the reduction reaction as previously 
reported (Figure 2-2a)21. In order to realize the interaction between Al metal and AlCl3 salts, the 
mixture of two components reacted in a same manner without silica sources. After the reaction, 
bulging parts in the products were assumed to be Al metals embedded in a solidified salt and this 
will be readily converted to an aluminum hydroxide matrix due to extremely sensitive nature of 
AlCl3 to the air and the hydroxyl group, which understandably exists on Al metal surfaces as 
shown in Figure 2-2b, c and f (bottom). Upon its exposure to moisture in air, the composite 
products were oxygen-contaminated to form a dissolvable Al(OH)3 and subsequent washing 
process with water removed any other impurities. Furthermore, AlOCl compounds were not 
formed in the absence of silica precursors, suggesting that AlOCl compounds should be produced 
with the interaction of both oxygen-included reactants materials and Al-AlCl3 complex. 
Interestingly, the reacted surface of Al metals, which eliminate AlCl3 and aluminum hydroxide 
matrix, was caved in or have a porous structure, otherwise it was completely collapsed out of 
shape (Figure 2-2d, e, and f (top)). However, it still had a crystalline property, which implies that 
excess amounts of salts fully enveloped the Al metals, and at the interface, AlCl3 monomers from 
molten salts were adsorbed on the Al to promote the formation of Al-AlCl3 complex. This result 
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is consistent with our theoretical calculation results and the fact that over-stoichiometric amounts 
of salts are required for the completion of reaction21. Dissolution of Al metals in the molten salts 
creates the reactive species in a form of metal-salt complex and it is expected to initiate the 
reduction reaction which counter the previous understanding and hypothesis. 
Mechanistic study of AlOCl and Si seed formation. As mentioned earlier, three AlCl3 molecules 
could entirely surround the fused Al atom dissolved in the molten salt in the form of Al-AlCl3 
complex, i.e. [Al(AlCl3)3] complex molecule. Central Al was coordinated within 3 Å by the 
surrounding salt ligands (Supplementary Figure 4a). To elucidate the mechanism of reduction 
reaction on silica surface, particularly kaolinite surface in this study, we traced the step-by-step 
pathway to form a new Si-Si bond and the by-product of reduction, AlOCl20. The first mechanism 
considered was the reduction by Al center serving as an activated reductant during the mechanism, 
as proposed in other works21, 25. However, the reduction mechanism by Al center (denoted as path 
0 in Supplementary Figure 4b) was not preferred because of high activation energy (2.01 eV) 
caused by the strong interaction of central Al with adjacent AlCl3 molecules. Central Al atom did 
not fall off the ligand salt molecule, thus a large amount of energy was required for the Al to 
approach the surface close enough to dissociate the Si-O bonds. Instead, it was more preferential 
that the ligand was separated from the [Al(AlCl3)3] complex and adsorbed on the surface. Herein, 
we suggest another reaction mechanism to yield activated species from ligand. The reduction 
mechanism diverges into two paths, where the order of the reaction is slightly different to form 
the activated species from the [Al(AlCl3)3] complex, i.e. the ligand dissociation (path a) and Al 
activation (path b) mechanism (Figure 2-3). At the first intermediate state of the ligand 
dissociation mechanism (IM1-a), which had the activation energy (Ea) of 0.64 eV and heat of 
reaction (ΔE) of -0.41 eV, the ligand AlCl3 itself was detached from the [Al(AlCl3)3] complex and 
solely adsorbed on the SiO2 surface. On the other hand, at the corresponding state of the Al 
activation mechanism (IM1-b), the formation of Cl-sharing complex structure by ligand 
rearrangement required the less Ea (0.55 eV) and released the more ΔE (-0.72 eV), since the 
coordination bond between a AlCl3 molecule and central Al need to be broken once in TS0-a, 
whereas it remained in TS0-b (Supplementary Figure 4c, d). 
Subsequently, in IM2-a, a Cl* atom of detached AlCl3 was transferred to the Al-AlCl3 complex 
([Al(AlCl3)2]) and the remaining AlCl2* interacted with two oxygens on silica surface with the Ea 
of 0.75 eV and ΔE of 0.48 eV. In IM2-b, the half of the Cl-sharing ligand was detached and 
adsorbed on silica surface in the form of activated AlCl2*, which strongly reacted with 3 oxygen 
atoms on the surface, thus resulting in the Ea of 0.79 eV and ΔE of 0.45 eV, respectively. From 
IM2 to IM3, the reaction paths of both mechanisms were similar in that a Cl* atom was detached 
once more from AlCl2* and the remaining AlCl* adsorbed to the center of the 6-membered ring 
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on silica surface. At this step, the heat of reaction was observed lower in path a due to the ligand 
rearrangement of [Al(AlCl3)2Cl]* complex structure to accept the transferred Cl* (i.e., 0.34 eV for 
path a and 0.74 eV for path b). As AlCl* reacted with oxygen in the SiO2 surface, AlOCl was 
formed through the dissociations of strong Si–O bonds following the path a and path b with the 
highest Ea of 1.44 eV and 1.41 eV along with the ΔE of 1.05 eV and 0.97 eV, respectively. 
Subsequently, two Si atoms were left to form a new Si-Si bond. Overall, we suggest that Al 
activation mechanism (path b) provides a kinetically and thermodynamically favorable route 
although both reaction paths are likely to occur together because of the temperature as high as 
250°C.  
From our observations, the ligand AlCl3 could make AlOCl, and Al atom from metallic Al 
worked as the activated chlorine acceptor at the center of complex structure. Additionally, we 
investigated whether the by-product of AlOCl formation (i.e., [Al(AlCl3)2Cl2]* complex structure) 
could be recycled though a reconstruction procedure. With adjacent [Al(AlCl3)2Cl2]* complex 
molecules, mutual exchange of Cl* atoms resulted in the formation of several AlCl3 molecules 
and Al-centered new complex, which will act as a new reactant for further reduction reaction 
(Supplementary Figure 5). Through the complex reconstruction, three [Al(AlCl3)2Cl2]* complexes 
are transformed into Al2Cl6 and AlCl3 molecules as well as a new [Al(AlCl3)2] complex (i.e., 
3[Al(AlCl3)2Cl2]* → [Al(AlCl3)2] + 6AlCl3). In summary, the reaction formula considered with 
three [Al(AlCl3)3] complexes in this study can be expressed as, 
3Al + 9AlCl3 + 3/2SiO2 → 3AlOCl + Al + 8AlCl3 + 3/2Si 
which is consistent with previous experimental suggestion.21 
4Al + 2AlCl3 + 3SiO2 → 6AlOCl + 3Si 
 
Evolution of HPSS. Through step-by-step validations on overall reaction mechanism of low 
temperature reduction process, we revealed that molten salts served as a promoter for the Al metal 
dissolution and thus-stabilized complex structure broke the very strong Si–O bond, leading to the 
formation of Si–Si bond. As-produced Si seed had a relatively free motion in the salts stream at a 
temperature above its melting point, while it was self-assembled in a way of reducing the surface 
energy of particles upon cooling off (i.e., spherical structure). However, concurrently generated 
AlOCl and small Si crystal seeds will be necessarily embedded together with remaining AlCl3 
salts in a Si sphere. As a result, these residues dissolved away and led to a construction of hollow 
and porous structure regardless of various silica sources (Supplementary Figure 6, 7).  
Figure 2-4a-d shows stepwise SEM images of the HPSS prepared from halloysite clay minerals, 
which was chosen for its available purity and cost, as mentioned previously21,22. After the 
complete reduction, densely packed spheres are embedded in a stream of excessive solidified 
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molten salts. The subsequent water and leaching steps remove any other impurities and 
consequently lead to a pore generation both inside shells and at the core as shown in the inset of 
Figure 2-4d. The typical polycrystalline nature of HPSS was observed in high-resolution 
transmission electron microscopy (HR-TEM) images with lattice fringes of 0.19 nm spacing, 
corresponding to (220) plane and selected area electron diffraction (SAED) pattern (Figure 2-4e). 
The XRD pattern confirmed sequential phase transitions into the final Si and the formation of 
crucial by-products of aluminum oxychloride (AlOCl), which could further validate our proposed 
mechanism (Supplementary Figure 8). Based on the X-ray photoelectron spectroscopy (XPS) 
results, Al existed primarily as the AlOCl and Al metals, while HCl completely removes these 
compounds without any traces to prove that this LTARR method provide high-purity Si products, 
also corroborated by Si and O spectra (Figure 2-4g-i and Supplementary Figure 9). 
Nitrogen sorption measurements were conducted to quantify the surface area and porosity of 
HPSS. During the post treatments, its value gradually increased as etching out the residual 
components (Al, AlOCl, amorphous Al2O3, and SiO2) and the surface area of HPSS is 39.4 m2 g-
1 with pore size of ~56 nm (Figure 2-4f, see detailed results in Supplementary Figure 10). In 
addition, various factors were investigated for further demonstration of this mechanism, such as 
reaction time, temperature, and existence of Al metal (Supplementary Figure 11-13). Apart from 
this variation, there are additional factors governing this reduction process. Size of metals, 
stoichiometry of reactants, and reaction environments are cases in point, while these issues have 
already discussed in previous report21, 22, and are out of scope for this study. It should be noted 
that our mechanism could be directly applied to different metal centers for the complex structure 
as well as chlorine acceptor as discussed earlier, thus successfully producing a hollow and porous 
structured Si. 
Electrochemical study. HPSS has comparable features of a porous shell and a core void available 
in a microparticle, which offers a viable choice for Si anodes, according to the recent novel 
designs3, 4, 15, 26, 27. For validation on capability of HPSS to accommodate volume changes, in-situ 
TEM analysis was carried out to monitor a dynamic behavior upon lithiation and delthiation with 
a nanobattery setup (Supplementary Figure 14). Before measurement, carbon coating layers were 
introduced to improve the electric conductivity of HPSS particle (denoted as HPSS@C, 
Supplementary Figure 15). Under a negative bias (-3 V), Li-ion diffuses gradually to the 
HPSS@C particle in Figure 5a to proceed the lithiation and at the end of lithiation for 50 min, a 
change in the outer diameter of the HPSS@C was negligible due to an inward void filling, even 
at the crystalline Li15Si4 phase (Figure 2-5b, d, and Supplementary Movie 1). During delithiation 
under a positive bias of 3 V for 22 min, amorphous Si was present, corresponding to the SAED 
pattern, and recovered to the original structure (Figure 2-5c, e, and Supplementary Movie 2). The 
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magnified TEM images of pristine state in Figure 2-5f and fully lithiated state of HPSS clearly 
show shell thickening and pore fillings as shown in Figure 2-5g. The shell expanded 22% and 
porous shell became dense with a high contrast, filling out both mesopores and macropores. It is 
notable that the filled pores were recovered after delthiation process, while the shells remained a 
little swelled to 17% with a great structural integrity in Figure 2-5h. Inner and outer diameters 
were estimated to calculate volume variation during lithiation/delithiation (Figure 2-5i). 
Surprisingly, the expansion of whole particle featured less than 10% and it recovered to only 4% 
swelled state with respect to the pristine. Although the swelling results for non-coated HPSS from 
in-situ analysis had similar values, it required a higher bias to proceed the lithiation, which 
indicated that carbon layers will facilitate the diffusion of Li-ions into the particles and further 
electrochemical properties were measured by using the HPSS electrodes (Supplementary Figure 
16 and Movies 3,4). 
The beneficial effects of HPSS structure on volume accommodation were further demonstrated 
by galvanostatic charge/discharge tests in both half-cell and full-cell configuration. The 
differential capacity curves are consistent with behavior of typical crystalline Si anodes 
(Supplementary Figure 17)28. Figure 2-6a shows rate-dependent voltage profiles in a potential 
window of 0.005-1.5 V and 0.01-1.2 V for initial cycle and subsequent cycles, respectively. 
HPSS@C electrode has an initial Coulombic efficiency of 91% with discharge capacity of 3494 
mAh g-1. The irreversible capacity loss originated from the formation of the solid electrolyte 
interphase (SEI) and reaction with native oxides29. The sufficient channels for electrolyte 
infiltration and microsphere structure of HPSS enable the electrode to be activated quickly and 
have such a high initial Coulombic efficiency. Despite bulky structure of HPSS, its electrode 
affords a fast charging ability up to 5C rate (1C = 3.5 A g-1) with a reversible capacity of 1100 
mAh g-1, which is still 3 times higher than that of graphite anode (Supplementary Figure 18). 
Cycling stability of HPSS@C electrode was monitored for prolonged cycles. HPSS@C electrode 
delivered reversible capacity of 832 mAh g-1 after 800 cycles at 1C rate with an average 
Coulombic efficiency of 99.5%. This extended cycle life of the HPSS@C electrode can be 
ascribed to effective inward breathing during lithiation and pore restoration during delithiation 
(Figure 2-6b and Supplementary Figure 19). Sluggish diffusion of Li-ions through the 
microparticles can be simply redeemed by conductive carbon layers, compared to non-coated 
HPSS (Supplementary Figure 20). By extension, the full-cell evaluation was conducted with 
commercial LiCoO2 (LCO) cathode in the potential window of 2.5-4.2 V. The cycling tests 
showed a stable capacity retention over 100 cycles with an end capacity of 2.39 mAh cm-2 at 0.2 
C rate (Figure 2-6c and Supplementary Figure 21, 22). Since stable cycling and Li-ion diffusion 
kinetics have a close relation to structural stability and electrode swelling, post characterizations 
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were also carried out. Figure 2-6d shows a summary chart for electrode thickness change along 
with inset TEM images of cycled HPSS@C. It should be noted that electrodes expanded 56.4 % 
after 100 cycles without any pulverization or delamination (Figure 2-6e and Supplementary 
Figure 23) and have retained original structures with enough void spaces, which accords with 
improved electrochemical performances. Along with the structural stability and cyclic 
performance of HPSS@C in Supplementary Figures 24 and 25, Nyquist plots display low-charge 
transfer resistance after 50th cycle due to fast electrode activation and shortened Li-ion diffusion 
path, compared with the results of HPSS that has exposed fresh Si surface to electrolyte, triggering 
thick or irregular formation of SEI layer on the surface. 
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Figure 2-1. Schematic illustration of salt-expedited reaction. (a) Chemical reduction process to 
generate HPSS. Diversely structured SiO2 raw materials are first disintegrated into smaller Si 
seeds and then it recrystallizes as time passes. Finally, after leaching out the by-products, HPSS 
can be obtained. (b) Theoretically tracked reaction mechanism on disintegrated silicate surface to 
form AlOCl. Path a and path b represent two different pathways to produce activated AlCl* from 
the adsorbed Al–AlCl3 complex. Through path a or path b, the Al–AlCl3 complex is dissociated, 
transferring Cl atoms to form AlCl*. Finally, AlOCl is formed by the as-made AlCl* reducing 
SiO2 in both mechanisms. Atoms of surface and adsorbate are colored differently for the clear 
view. For kaolinite surface, Al and Si atoms are colored in pink and deep green, and O, H, and 
clustered Si atoms are colored in light gray, white, and blue, respectively. In the case of the 
adsorbate, Al and Cl in ligand, and Al center are colored in pink, green, and yellow, respectively. 
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Figure 2-2. Al dissolution by molten salts. SEM images of (a) pristine Al and (b) as-reacted 
sample. Yellow boxes in b correspond to AlCl3/Al(OH)3 compounds formed on the Al metal 
surface. (c) SEM image, (d) TEM image, and (e) magnified SEM image with distribution profile 
of each atoms (magenta-Al, yellow-O, and orange-Cl) of samples after H2O treatment. (f) XRD 
patterns comparison of as-reacted sample and after H2O treatment. Scale bars, 4 μm (a–c); 500 
nm (d); 1 μm (e). 
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Figure 2-3. Reaction mechanism of salt-expedited Si reduction. (a) Reaction coordinate of two 
reaction mechanisms (i.e., path a and path b). (b) Optimized configurations of the reaction states 
of each mechanism: IS for initial state of adsorbed Al–AlCl3 complex on the SiO2 surface, IM1–
IM3 for reaction intermediates, and FS for final state, where a Si–Si bond and AlOCl are formed. 
The numbers in a represent the relative energies of each state based on that of the IS. For the clear 
view, hydrogen atoms in kaolinite are omitted and bottom layers of kaolinite are presented by line 
model. The others are shown in ball-and-stick model. Color scheme is the same as Figure 2-1b. 
32 
 
 
Figure 2-4. Structural evolution of HPSS. SEM images of samples at various stages; (a) INT-1, 
(b) INT-2, (c) INT-3, and (d) after HF treatment (denoted as HPSS, an inset corresponding to 
TEM image of HPSS). (e) Magnified TEM image of HPSS (an inset corresponding to High-
resolution TEM image and selected area electron diffraction pattern). (f) BET surface area values 
and pore volumes of after-dissolving water (INT-2), after HCl treatment (INT-3), HPSS, and 
HPSS@C. (g–i) XPS spectra of Si 2p, Al 2p, and O1s of INT-2 and INT-3 samples. Scale bars, 4 
μm (a–d); 5 nm, 2 nm, and 2 1/nm (e). 
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Figure 2-5. In situ electrochemical observation of a single HPSS-based particle. (a–c) Time-
resolved TEM images of single HPSS@C particle during lithiation/delithiation with 
corresponding selected area electron diffraction (SAED) patterns of (d) fully lithiated and (e) 
delithiated samples under a potential of −3 V/3 V, respectively. Magnified TEM images of (f) 
pristine, (g) fully lithiated, and (h) delithiated HPSS@C particle, which illustrate thickened shell 
(22% expansion after lithiation) and pore filling/restoration showing no structural collapse. (i) 
Estimated volume and expansion ratio of HPSS@C particle during lithiation/delithiation. Scale 
bars, 1 μm (a–c); 2 1/nm (d, e); 500 nm (f–h). 
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Figure 2-6. Electrochemical performance of HPSS-based electrode. (a) Galvanostatic charge–
discharge profiles of HPSS@C electrode at different rates. (b) Cycling stability of HPSS@C 
electrode at 1C rate (3.5 A g−1) for 800 cycles. (c) Cycling performance of full cell employing 
HPSS@C anode and LiCoO2 cathode for 100 cycles at 0.2C rate (0.62 mA cm−2). (d) Ex situ 
electrode analysis for thickness change. (e) Cross-sectional SEM images of HPSS@C electrodes 
of pristine (10.1 μm), 10th (11.4 μm), 30th (11.5 μm), 50th (15.2 μm), and 100th cycle (15.8 μm). 
Scale bar, 10 μm (e).  
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2.4 Conclusion 
 
In this study, we have demonstrated the step-by-step mechanism of LTARR on silicate surface in 
the presence of molten AlCl3 salts, and electrochemical performance of as-prepared hollow porous 
Si sphere. By the DFT calculation as well as experimental validation, it showed that adsorption 
of molten AlCl3 molecules on the Al surface emits quite large amount of heats promoting the 
detachment of Al atom in the form of Al-AlCl3 complex. Remarkably, dissimilar to expectations 
of previous research on the reduction by activated Al* atom forming Al2O3 in molten AlCl3, the 
activated Al* does not favorably adsorb on the silica surface compared to AlCl3 since considerable 
amount of activation energy and heat of reaction are accompanied when detaching oxygen 
atoms.23 In this regard, LTARR mechanism is considered as a ligand-promoted reduction, where 
the activated AlCl* produced from ligand reacted with oxygen atom of silica surface. Due to the 
dominant role of the salt molecule in this reduction, the mechanism we have suggested may show 
the universality of the mechanism of reduction to metals, which can form complex structures with 
metal halide molecules. In addition, through the reconstruction of [Al(AlCl3)2Cl2]* molecules and 
the by-products of AlOCl formation, some fraction of active sites for succeeding reduction are 
preserved even after a series of reaction.  
In terms of electrochemical performance, as-synthesized HPSS via LTARR through salt-
expedited mechanism shows definitely prolonged cycles owing to pores on the surface and inside 
voids, which have the role of space-enhancing structure to moderately accept lithium ion during 
lithiation and the extraordinary morphology is still maintained without any breakdown. Further 
introduction of carbon coating layer can be utilized for improving lower intrinsic electronic 
conductivity of Si microparticles. 
In this standard point to understand the part of molten salt in thermochemical reaction, we 
expect that the present proposed mechanism could be widely applied to other metals or metal salts 
system with SiO2-containing compounds. 
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Chapter ⅡI. Atomic-scale combination of germanium-zinc nanofibers 
for structural and electrochemical evolution 
 
 3.1 Introduction 
 
With the increase in energy consumption and the development of large-scale devices such as 
electric vehicles (EVs), the demand for rechargeable energy storage systems, especially lithium-
ion batteries (LIBs), has sharply increased1-10. However, existing LIBs face many limitations due 
to their low energy density. So far, various anode candidates that possess a higher specific capacity 
have been suggested to substitute graphite with theoretical capacity (372 mAh g-1). Among the 
many candidates, germanium (Ge) is one of the most promising anode materials owing to its high 
gravimetric and volumetric capacity (1396 mAh g-1 and 7366 Ah L-1, respectively, for Li3.75Ge), 
which are comparable to those of Si; reasonable Li ion diffusivity and electronic conductivity11-
13. Furthermore, Ge-based anodes operate at a low operating voltage (< 0.5 V), resulting in a high 
potential window when assembled as full cells14. Nevertheless, pure Ge compounds are expensive, 
and the synthesis of pure Ge nanostructures is rather complicated. As a result, oxygen-containing 
Ge (GeOx) has recently drawn attention as an alternative to pure Ge due to the following merits: 
a higher theoretical capacity (2152 mAh g-1), reduced cost, and superior chemical stability15-18. 
However, GeOx also triggers a large volume change during lithiation process, resulting in fatal 
capacity decay upon cycling with the loss of electrical contacts, fracturing, and pulverization, 
along with the continuous formation of unwanted solid electrolyte interphase (SEI) layers. 
Additionally, the poor electronic conductivity of GeOx limits electron transfer at high current 
density, which remains a challenge to realizing high-power/high-energy-density anode materials 
for advanced LIBs. 
To overcome the problems mentioned above, two main strategies have been attempted: (i) one 
approach is to synthesize low-dimensional Ge/GeOx nanomaterials (nanoparticles, nanotubes, 
nanowires, and nanofibers (NFs)), which can mitigate a large volume change of > 300%, shorten 
the Li ion diffusion length, and suppress contact loss and unstable SEI layer formation13, 19-21; (ii) 
the other approach is to combine Ge/GeOx with foreign atoms (carbon, metal, or metal oxide) 
and/or a protective layer (carbon), which allows additional electron pathways through enhanced 
conductivity22-27. Nevertheless, a feasible strategy to enhance both the structural and 
electrochemical stability of GeOx-based anodes has yet to be fully investigated; such a strategy is 
critical to realize high-performance anodes for sustainable LIBs. 
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In this work, we propose an intriguing defect engineering of one-dimensional Ge-based 
materials through the intermolecular incorporation of Zn element. The as-synthesized oxygen-
defective and intermolecularly distributed Ge-Zn NFs (oxygen-deficient Ge-Zn composite NFs, 
denoted as O-dGZNFs), which is prepared by a facile electrospinning followed by subsequent 
thermal treatment, feature a well-mixed atomic distribution of Ge-Zn-O with disordered Ge. In 
addition, this unique structure limits the sublimation of Ge or GeOx, a chronic problem in solid-
gas reduction reactions28. In situ transmission electron microscopy/electrochemical impedance 
spectroscopy (TEM/EIS) characterizations further demonstrate the significantly improved 
structural stability and electronic conductivity. Unlike previous work on ZnxGe1-xO composites 
showing inferior electrochemical performance (510 mAh g-1 at 0.5 A g-1)29, O-dGZNFs electrode 
exhibits ultrahigh cycling stability (capacity retention of 73%), a reversible capacity of 546 mAh 
g-1 for 1000 cycles at 3.0 C-rate and exceptional rate capability (capacity of ~50% at 20 C-rate 
compared to that of 0.2 C-rate). In a full cell, a high energy density of 335 Wh kg-1 (565 Wh L-1) 
was achieved after the 1st cycle, and a stable charge/discharge characteristic was observed with 
coulombic efficiency of 99.4% during 400 cycles; the designed material shows great potential for 
practical energy storage systems. 
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3.2 Experimental method 
 
Materials. Germanium oxide (GeO2, 99.995%) was purchased from Kojundo Chemical Lab. Co., 
LTd.. Poly(vinyl pyrrolidone) (PVP, Mw ~1,300,000 g mol-1) and zinc nitrate hexahydrate 
(Zn(NO3)2‧6H2O, reagent, 98%) were purchased from Sigma Aldrich. Germanium (Ge) was 
purchased from Alfa Aesar for FT-EXAFS measurement of reference Ge. All the chemicals were 
used without further purification. 
Synthesis of O-iGNFs and O-iGZNFs. O-iGNFs and O-iGZNFs were prepared via 
electrospinning and a subsequent calcination step. For the preparation of O-iGNFs, 0.4 g of GeO2 
was dissolved in 50 mL of deionized (DI) water at 90 °C. Then, 7.5 g of PVP was added into the 
solution and stirred at 500 rpm for 6 h. Then, the electrospinning solution was loaded into a 
syringe, where the electrospinning process took place using an electrospinning tool (Machine 1 
Type, NanoNC). The electrospinning was conducted with the following conditions: a flow rate of 
0.5 mL h-1, an applied voltage of 16.0 kV, and a distance of 15 cm between the tip of the syringe 
and the current collector using a 25-gauge needle. The as-spun NFs were calcined at 250 °C for 
1 h and 500 °C for 2 h at a ramping rate of 5 °C min-1 in a box furnace (MF-22G, JEIO TECH). 
For the preparation of O-iGZNFs, a solution mixture with specific amounts of GeO2 and Zn 
(NO3)2‧6H2O (98%) (Supplementary Figure 2b) was added to the electrospinning solution and 
subjected to identical electrospinning conditions and subsequent calcination. As a result, O-iGNFs 
and O-iGZNFs were successfully synthesized. 
Synthesis of O-dGNFs and O-dGZNFs. As-synthesized O-iGNFs and O-iGZNFs underwent a 
reduction process in a quartz furnace (OTF-1200X-II, MTI corporation) filled with argon (Ar). In 
this process, the furnace was heated to 600 °C under Ar at a ramping rate of 5 °C min-1, and once 
the temperature reached an expected value, the atmosphere was changed to an Ar and hydrogen 
gas mixture (Ar/H2 (96/4, v/v)) and maintained for 1 h. Afterward, the furnace was filled again 
with Ar instead of Ar/H2 and cooled spontaneously to room temperature. 
Material characterization. Morphological images were acquired by field-emission scanning 
electron microscopy (FE-SEM, Nova 230, FEI) operating at 10 kV and environmental 
transmission electron microscopy (ETEM, FEI) with an accelerating voltage of 300 kV under 
vacuum conditions. In addition, energy-dispersive X-ray (EDX) detection combined with 
scanning transmission electron microscopy (STEM, FEI) was used to analyze the elemental 
distribution and the amounts of elements. Raman spectra were collected with a confocal Raman 
spectrometer (alpha 300R, WITec) with a laser wavelength of 532 nm. XRD patterns were 
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obtained by using a Bruker D8-advance with 3 kW Cu Kα radiation and wavelengths in the range 
of 20° to 80°. An inductively coupled plasma (ICP) instrument combined with a mass 
spectrometer (LC-ICP/MS, PerkinElmer, ELAN DRC-II) and elemental analyzer (EA, Flash 2000) 
were used to examine the elemental content. X-ray photoelectron spectroscopy (XPS) (K-alpha, 
ThermoFisher) was used for surface analysis. X-ray absorption near-edge structure (XANES) and 
extended X-ray absorption fine structure (EXAFS) analyses were conducted at the BL6D 
beamline of the Pohang light source (PLS-II) under a current of 300 mA with 3.0 GeV. 
In situ electrochemical observations. For in situ transmission electron microscopy (in situ TEM) 
measurements using ETEM, an open cell, which was composed of Li metal for the counter 
electrode and samples for the working electrode, was manufactured for the observation of 
electrochemical reactions in real time. This open cell could be operated with a scanning tunneling 
microscope (STM) holder. The working electrode was held on an Al nanowire, and the counter 
electrode was loaded on a W tip in an Ar-filled glove box on each side of the holder. Then, the 
holder was transferred to the ETEM while exposed to air for less than 2 s. During the movement, 
a very thin Li2O layer was coated on the Li metal and used as the solid electrolyte. For Li+ ion 
insertion/extraction, a negative/positive potential was applied to the STM holder by an external 
bias, -2 V/2 V for Li ion insertion/extraction. A negative bias drove Li+ to the samples across the 
Li2O layer on the Li metal via the potential difference between the two electrodes, and the samples 
reacted with Li+, consistent with lithiation. In contrast, a positive bias induced the delithiation 
step by extracting Li+ from the samples. The in situ conductivity test was almost the same as the 
in situ lithiation/delithiation observation, except there was no loading of Li metal. Individual 
single NFs loaded on platinum (Pt) nanowires could be directly contacted with only the tungsten 
(W) probe, and an external bias was applied in the range of -10 V to 10 V to measure the electrical 
conductivity. For in situ electrochemical impedance spectroscopy (in situ EIS), a set of multiple 
impedance spectra was measured every 30 min by galvanostatic EIS in constant current mode 
(1.0 C) during lithiation/delithiation since the potentiostat of the in situ EIS system consisted of 
two different channels: one channel was for measuring impedance spectra, and the other channel 
was for recording voltage profiles. Input signals were generated by the superposition of sinusoidal 
current waves of 10 mA amplitude at 200 kHz to 1 Hz (VSP-300, BioLogic). 
Electrochemical measurements. To prepare the electrodes, a viscous slurry consisting of the 
active materials, super-P carbon black as a conductive material, and poly(acrylic acid) 
(PAA)/carboxymethyl cellulose (CMC) (1:1 weight ratio) as a binder with a weight ratio of 
70:15:15 (w/w/w) was cast on Cu foil with a loading mass of 1.0-1.3 mg cm-2. Then, the electrode 
was transferred into an Ar-filled glove box to act as the working electrode in 2016-type coin cells 
(Welcos) with Li metal as a counter electrode, a polypropylene membrane (Celgard) as a separator, 
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and ethylene carbonate/diethyl carbonate (EC/DEC = 3:7, v/v) including 10 wt% fluoroethylene 
carbonate (FEC) and 1.3 M LiPF6 salt as a liquid electrolyte. Galvanostatic measurements of half 
cells were conducted using a battery cycler (Wanatech, WBCS-3000) in the range of 0.005-1.5 V 
(1st cycle) and 0.01-1.5 V (further cycles) at 25 °C. For full cells, Li metal was substituted with 
LiCoO2 (LCO), while all the other components were identical. The LCO electrode was 
manufactured with LCO:Super-P:polyvinylidene fluoride (PVdF) binder with a weight ratio of 
90:5:5 (w/w/w) and cast on Al foil (loading mass: 13 mg cm-2). The full cells were evaluated in 
the operating voltage range from 2.5 to 4.29 V at 25 °C. 
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3.3 Results and discussion 
 
Structural evolution of O-dGZNFs. Unstable Ge states during the reduction process result in 
unexpected sublimation, causing a lower yield and structural deformation. Zn atoms that are 
directly interconnected to GeO2 could stabilize the Ge state owing to the robust Ge-Zn bonding. 
Based on the binary phase diagrams of various metals, Zn was carefully selected. Some metals 
(such as Cu and Fe) form alloys with Ge as verified by X-ray diffraction (XRD) analysis before 
and after reduction (Supplementary Figure 1a). Moreover, other kinds of metals (such as Ag, Au, 
Sb, and Sn) can be combined with Ge, but other limitations are present. For example, Ag and Au 
are very expensive, and synthetic conditions are difficult due to their sensitive precursors; Sb is 
difficult to mix with Ge in electrospinning solution; and Sn can be easily mixed with Ge, however 
undesired phases, i.e., partial Ge oxides and Sn oxides, are independently formed, limiting the 
generation of complete GeSn alloy at operating temperature (Supplementary Figure 3-1b). As a 
result, we selected Zn as an optimal element to synthesize O-dGZNFs. The synthetic process of 
oxygen-including Ge-Zn composite NFs (O-iGZNFs) and O-dGZNFs and their TEM images are 
displayed in Figure 3-1a. Similarly, oxygen-including Ge NFs (O-iGNFs) and oxygen-deficient 
Ge NFs (O-dGNFs) (control samples prepared without Zn) were prepared using the same process, 
and the elemental compositions of both O-dGNFs and O-dGZNFs along with their calcined 
samples were determined (Supplementary Figure 2). Although both O-dGNFs and O-dGZNFs 
have a high proportion of Ge, the Ge weight loss from O-iGZNFs to O-dGZNFs is less than that 
from O-iGNFs to O-dGNFs. An as-prepared electrospinning solution including a metal salt 
precursor (zinc nitrate hexahydrate/germanium oxide) and a poly(vinyl pyrrolidone) (PVP) was 
injected and directly transformed into polymer/metal ion composite NFs on a current collector, as 
shown in the scanning electron microscopy (SEM) image in Figure 3-1b. Then, upon calcination, 
the PVP chains were decomposed at approximately 450 °C (Supplementary Figure 3), while the 
metal ions were eventually oxidized by oxygen under ambient air during the calcination step; Ge 
and Zn ions were thus spontaneously mixed through intermolecular bonds in an amorphous phase 
(as shown in the TEM image in Figure 3-1, selected area electron diffraction (SAED) patterns in 
Figure 3-1c and XRD patterns in Supplementary Figure 4). The amorphous phase was maintained 
at 500 °C. However, when the calcination temperature increased to 600 and 650 °C, crystalline 
structures of GeO2 and Zn2GeO4 were gradually developed (Supplementary Figure 5). 
Afterward, the as-calcined NFs underwent a reduction process under H2 gas via a solid-gas 
reduction reaction at 600 °C to remove oxygen atoms from the NFs (denoted as O-dGZNFs) while 
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maintaining a similar crystal structure in nanoscale (Figure 3-1d). The O-dGZNFs had a uniform 
distribution of Ge-Zn atoms, according to high-angle annular dark-field scanning transmission 
electron microscopy (HAADF-STEM) mapping (Figure 3-1e) without significant morphological 
changes or agglomeration (Supplementary Figure 6). As a result of this step, germanium-oxygen 
(Ge-O) bonds were reduced to Ge-Ge bonds with distorted d-spacing, whereas oxygen atom-
incorporated Zn (Zn-O) remained in the amorphous phase without reduction owing to insufficient 
activation energy at the given temperature (Supplementary Figure 4 and 7). Additionally, higher 
structural disorder was observed in the O-dGZNFs than in the O-dGNFs without Zn 
(Supplementary Figure 4b). The main Ge metal peak of microstructure, representing the (111) 
plane in a crystal region of the O-dGZNFs, was slightly shifted due to the d-spacing increase and 
separated by the development of new kinds of bonds. We believe that this change is attributed to 
the atomic-level influence of Zn and structural distortion because Zn atom is theoretically larger 
than Ge atom. These XRD patterns directly demonstrate the bonding of Ge with foreign atoms in 
the NFs. Moreover, the high-resolution TEM (HR-TEM) image in Figure 3-1d microscopically 
shows no clear lattice fringe and amorphous SAED patterns, which attributed to the 
intermolecular Ge-Zn structure having homogeneous Ge-Zn-O bonding and distorted Ge clusters. 
The TEM images and SAED patterns of O-iGNFs and O-dGNFs are displayed in Supplementary 
Figure 8, showing similar crystal structures and morphology to those of O-iGZNFs and O-
dGZNFs due to the dominant presence of large amounts of carbon and amorphous GeOx in the 
Ge clusters. 
To accurately confirm the chemical bonding, Raman spectra were analyzed and are shown in 
Figure 3-2a. The O-dGZNFs showed broad Ge-Ge bonds in the range of 280-305 cm-1 and 
independently exhibited oxygen-defective and asymmetric Ge-Zn-O bonds at 750 and 777 cm-1, 
respectively, as well as partial Zn-O bonds (437 cm-1). In contrast, Ge-O bonds at 445 cm-1 and 
broad Ge-Ge peaks were detected in the O-dGNFs30-33. The Raman spectra of both NFs confirmed 
that the amorphous-phase carbon was formed by the thermal decomposition of PVP, as 
determined from the intensity of the ID/IG ratios: 1.46 (O-dGNFs) and 1.30 (O-dGZNFs). The 
result indicates that oxygen-shared Ge and Zn exist in a state of intermolecular connection in the 
amorphous carbon matrix. Furthermore, the triggering of Ge-Ge distortion by this featured bond 
was proven through core-level X-ray photoelectron spectroscopy (XPS) spectra. Figure 3-2b and 
c display characteristic peaks related to Ge-Zn-O at approximately 1021, 1044 (Zn 2p), and 32 
eV (Ge 3d), different from the case of O-iGNFs and O-dGNFs, as shown in Supplementary Figure 
934,35. Moreover, Fourier transform-extended X-ray absorption fine structure (FT-EXAFS) 
analysis in Figure 3-2d and e reveals that the Ge-Ge bonding length was elongated in the presence 
of Zn (Zn-Zn: 2.29 Å)36. The O-dGNFs lost Ge-O bonding at 1.38 Å showed an increase in the 
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peak intensity corresponding to Ge-Ge bonds at 2.14 Å, which is consistent with the value for 
reference Ge (2.14 Å)37, 38. In accordance with the XPS results in Supplementary Figure 9, the O-
dGNFs still showed a partial GeOx content in the NFs, and the O-dGZNFs also showed a peak 
corresponding to Ge-O at 1.38 Å even after reduction. However, the peak positions in the O-
dGZNFs were slightly shifted to the right (to 1.67 and 2.17 Å from 1.38 Å and 2.14 Å, respectively) 
and did not perfectly overlap with Ge-O bonds as well as with the peak related to Ge-Ge bonds. 
This unusual result is attributed to the disordered Ge-Ge d-spacing by Ge-Zn intermolecular 
connections and the longer bonding length of intrinsic Zn-Zn than that of Ge-Ge. In addition, this 
delicate interconnection can prevent the chronic problem of Ge sublimation during the reduction 
of GeO2. GeOx and/or Ge gas molecules immediately after reduction can be vaporized without a 
phase transition to solid-state Ge metal due to their unstable state39. Core-level XPS spectra of C, 
N, and O for the O-iGNFs/O-iGZNFs and O-dGNFs/O-dGZNFs were also analyzed 
(Supplementary Figure 10 and 11); C-C bonding became more intense after the reduction process, 
and Ge-Zn-O bonding was also visible. The calibrated graph in Figure 3-2f based on energy-
dispersive X-ray (EDX) spectroscopy and SEM images confirmed that the Ge content 
dramatically decreased during the reduction process owing to the sublimation of unstable Ge 
states. For this reason, 26 wt% of Ge was lost and 11% of diameter shrinkage occurred, as 
determined through the comparison of O-iGNFs and O-dGNFs. In contrast, the O-dGZNFs 
showed distinct characteristics with only 8 wt% of Ge loss and a 4% of diameter change during 
reduction. The overall weight change (Supplementary Figure 12) also showed similar patterns 
between O-dGNFs and O-dGZNFs: the introduction of Zn resulted in a higher yield of Ge. The 
well-distributed Ge-Zn atoms with Ge-Zn-O bonds resulting from intermolecular interactions 
clearly bind near Ge-Ge bonds because Zn-O consumes minimal oxygen at this step due to 
insufficient activation energy for the reaction (ZnO (s) +H2 (g) → Zn (s) +H2O (g)). That is, sturdy 
Zn-O bonds directly connected to Ge-O can hold metallic Ge without vaporization. Such 
intermolecular interactions in O-dGZNFs enhance the electrical properties due to the uniform 
metallic zinc distribution, leading to high electronic conductivity and ultralong cycle stability as 
well as structural maintenance. In addition, the introduction of Zn into O-dGZNFs resulted in a 
higher surface area (61.3 m2 g-1) than that (37.1 m2 g-1) of O-dGNFs (Supplementary Figure 13), 
with higher concentrations of distinct mesopores (between 3 and 4 nm). 
Revealing the electrochemical maturation of O-dGZNFs. Ge anodes feature intrinsically 
inferior electronic conductivity and undergo a large volume change during cycling in LIBs, 
triggering poor electrochemical performance despite exhibiting a high theoretical capacity. In 
contrast, Zn demonstrates a low volume expansion (LixZn, 0 < x < 1) and outstanding electronic 
conductivity. Therefore, O-dGZNFs, a composite of Ge and Zn, displayed compatible advantages 
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with improved ion conductivity. Galvanostatic measurements of O-dGNF and O-dGZNF 
electrodes were conducted to determine the dependence of their electrochemical properties on the 
intermolecular bonding of Ge-Zn. The differential capacity results in Figure 3-3a and b show 
redox peaks during the discharge/charge of O-dGNFs and O-dGZNFs, respectively. In the 1st 
cycle, an SEI layer was formed, and the conversion reaction of Ge-O occurred at 0.87 V in the 
cathodic part. Thus, the peaks at approximately 0.18, 0.36, and 0.51 V are related to the Li-Ge 
alloy reaction. Furthermore, Li ions were extracted from the Li-Ge alloy at the anodic peaks (0.36 
and 0.49 V), followed by the reformation of Ge-O bonds due to lithium oxide (Li2O) 
decomposition at 1.08 V. The O-dGZNF electrode displayed a similar tendency, but some peaks 
were slightly shifted during the 1st cycle, which can be ascribed to the introduction of foreign Zn 
atom. After the 1st cycle, the cathodic and anodic peaks of both electrodes remained consistent. 
Figure 3-3c exhibits the first galvanostatic discharge/charge capacities of O-dGNFs (1965/1360 
mAh g-1) and O-dGZNFs (1444/1043 mAh g-1), which show a low initial Coulombic efficiency 
(ICE) of 69.2 and 72.2%, respectively, because one-dimensional materials feature a large surface 
area, which means that more Li ions participate in the formation of SEI layers. The introduction 
of Zn resulted in a slightly enhanced ICE, although the difference was not significant. Surprisingly, 
the galvanostatic discharge/charge profile of the 50th cycle did not show a plateau related to 
conversion and Li2O decomposition compared with that of the 1st cycle. Moreover, the Li2O 
decomposition at 1.08 V (O-dGNFs) and 1.04 V (O-dGZNFs) decreased and vanished after cycles 
(Figure 3-3a, b). This trend suggests that the oxygen components in the NFs were transformed 
into different forms during the initial cycles. Core-level XPS spectra of 50-cycled electrodes (O-
dGNFs-50th and O-dGZNFs-50th) were characterized after the removal of partial SEI layers by 
slight etching. As shown in Supplementary Figure 14a-c, most of the oxygen components in the 
NFs were reformed into Li2O and lithium carbonate (Li2CO3) composites, as well as components 
of SEI layers40-42. Additionally, the presence of LiF in nanofibers is attributed to the 
decomposition of LiPF6 and reduction of fluoroethylene carbonate (FEC) due to the lower 
unoccupied molecular orbital (LUMO) level of LiF, which is in accordance with previous works 
(Supplementary Figure 14c, d)43-46. Furthermore, Ge-Zn-O and Ge metallic bonds remained after 
the 50th cycle. The capacity retention (Q) with cycling in Figure 3-3d reflects oxygen deformation 
and irreversible Li2O decomposition during the initial 50 cycles as the capacity gradually 
decreased. 
The above phenomenon influences the electrochemical properties of NFs. After the 50th cycle, 
the O-dGZNFs displayed outstanding reversible capacity and cycle retention until the 350th cycles, 
even at 2.0 C-rate, with almost 100% capacity retention (0.05% capacity decay per cycle). In 
addition, to examine the effect of oxygen content on the electrochemical performance of the O-
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dGZNF electrode as well as to determine the optimized oxygen contents of the NFs, charge 
capacity retention tests (Supplementary Figure 15) were carried out for O-dGZNFs with different 
Ge/Zn ratios; a higher proportion of Zn led to a higher oxygen content, resulting in stable cycle 
retention owing to the high ionic/electronic conductivity but poor reversible capacity; a lower 
oxygen content resulted in a higher initial capacity, but capacity fading was more prominent. In 
contrast, the O-dGNFs required an activation step to attain optimal capacity, showing a capacity 
gain during tens of cycles. However, the O-dGNF electrode subsequently suffered from fatal 
capacity decay with only 49.5% retention (corresponding to 0.3% capacity decay per cycle) due 
to the low electronic conductivity and low response to current changes. To verify this behavior 
and confirm the main reasons, cyclic voltammetry (CV) measurements were conducted at various 
scan rates after the 1st cycle and 50th cycle. The results are shown in Supplementary Figure 16; 
the contributions of faradaic and capacitive (nonfaradaic) current were calculated using Equation 
(1) and are shown in Figure 3-3e: 
𝑖𝑝 = 𝑘1𝑣 + 𝑘2𝑣
1/2   Equation (1) 
where ip is the peak current and ν is the scan rate in the CV graph, and k1 and k2 are the constants 
for the capacitive and faradaic current, respectively. The capacitive current is related to surface 
reactions at the interface between the electrolyte and electrode, while the faradaic current is 
related to the charge transfer redox reaction at the electrode. In other words, the total current in 
CV measurements consists of faradaic and capacitive currents. Figure 3-3e shows that the 
capacitive current was dominant for both electrodes at all scan rates from 0.4 to 1.0 mV s-1 due to 
the high surface area of the one-dimensional structure (capacitive current: 65.8% for O-dGNFs 
and 78.5% for O-dGZNFs). In particular, the O-dGZNF electrode, which has a higher BET 
surface area, showed a higher capacitive current than that of the O-dGNF electrode. However, the 
dominant current switched to the faradaic current after the 50th cycle for both electrodes; this 
change can be ascribed to the formation of lithium composites, such as Li2O and Li2CO3, as well 
as metallic bonds (Ge-Ge or Ge-Zn). In particular, Zn has better intrinsic electronic conductivity 
than Ge, leading to a higher charge transfer rate and a greater faradaic current in O-dGZNFs. In 
addition, the lithium composites detected in the XPS results in Supplementary Figure 14a-c act 
as ion conductors that can enhance the ion diffusion rate in the electrode44-46. For evidence, we 
calculated the Li ion diffusion coefficient by linearly fitting the plots of the square root of the scan 
rate (v1/2) with respect to the peak current (Ip) (Figure 3-3f) based on the Randles-Sevcik equation 
(Equation (2)): 
𝑖𝑝 = 268, 600𝑛
3/2𝐴𝐷1/2𝐶𝜈1/2     Equation (2) 
where n is the number of transported electrons, A is the area of the electrodes in a coin-type cell, 
D is the diffusion coefficient of Li ions in the electrode, and C is the concentration of Li salt in 
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the electrolyte. The slope, which is related to the Li ion diffusion coefficient, increased after 50 
cycles as the ion diffusivity increased (Figure 3-3f). The Li ion diffusion coefficients of cycled 
electrodes were 1.2-1.4 times higher than those of pristine electrodes. Such increased Li ion 
diffusion coefficients suggest better ionic conductivity arising from the formation of lithium 
composites (Li2O and Li2CO3) during cycling. After the 1st, 10th, and 50th cycles, the Li ion 
diffusion coefficients gradually increased; this increase was proportional to the increased amount 
of lithium composites (Supplementary Figure 17 and Supplementary Table 1). 
Regarding the relationship between metallic bonds and electronic conductivity, existing Ge-O-
Ge or Ge-Zn-O bonds would be reduced to Ge-Ge or Ge-Zn when the oxygen atoms are combined 
with lithium and carbon during cycling. The XPS spectra in Figure 3-4a and b and Supplementary 
Figure 14e show the development of more Ge0 bonds and peak shifts compared to those observed 
in the XPS results of O-dGNFs and O-dGZNFs in Figure 3-2b and c and Supplementary Figure 
9. In particular, the Ge-Zn-O peak in O-dGZNFs was located at approximately 32 eV (Ge 3d) and 
1021/1044 eV (Zn 2p), but all peaks of Ge-Zn-O were partially shifted, to 31.5, 1020.6, and 
1043.4 eV, arising from oxygen defects within the bonds. The gradual emergence of metallic 
bonds in the NFs, corroborated by XPS analysis, can also account for the rising faradaic current 
because electronic conductivity is also improved with increased metallic bonds as well as 
increased Li ion diffusivity. Furthermore, FT-EXAFS analysis proved the maintenance of 
intermolecular bonding and oxygen removal in O-dGNFs-50th and O-dGZNFs-50th in various 
charge/discharge states compared with the corresponding pristine states before cycling (Figure 3-
4c, d). In accordance with the trends mentioned above, the intensity of Ge-O significantly 
decreased for both O-dGNFs-50th and O-dGZNFs-50th. The peak of O-dGNFs-50th coincides with 
the reference Ge peak (2.14 Å), whereas O-dGZNFs-50th still exhibits a peak at 2.17 Å; these 
results demonstrate the reversible characteristics of Ge-Zn bonds during cycling. When the 
samples were discharged, the Ge-Ge peak was relocated to 2.19 and 2.20 Å, signifying the 
emergence of Li-Ge bonds from metallic Ge-Ge and Ge-Zn bonds; this result is also supported 
by X-ray absorption near-edge structure (XANES) profiles (Supplementary Figure 18)39, 47. To 
further compare the electrochemical/structural stability of O-dGZNFs with that of O-dGNFs, real-
time characterization was conducted using in situ TEM and electrochemical impedance 
spectroscopy (EIS). 
In situ observation of the structural and electrochemical behavior of O-dGZNFs. To 
demonstrate the behavior of a single NF during cycling in real time, in situ TEM experiment was 
carried out with I-V curve analysis to examine the structural and phase evolution of an O-dGZNF 
as well as the electronic conductivity of a single NF during the electrochemical discharge/charge 
process.48 The fine structure of the Ge-Zn distorted array can unpredictably affect the structural 
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stability and electrochemical properties throughout the whole process. For in situ TEM, all 
potentiostatic measurements were analyzed using a nanobattery that consisted of a single NF-
based working electrode (sample) and counter electrode (Li metal) with naturally formed Li2O as 
a solid-state electrolyte on the Li metal, as illustrated in Supplementary Figure 19. Time-resolved 
snapshots of the O-dGZNF were taken at 0, 900, 982, 1144, and 1897 s, showing the 
morphological evolution of the material from the discharged state to the charged state (Figure 3-
5a-e). Before lithiation, the O-dGZNF was 63 nm in diameter (Figure 3-5a, k) with no noticeable 
Ge diffraction patterns due to the distorted structure and amorphous rings (Figure 3-5f). When a 
negative bias of -2 V was applied to initiate lithiation (discharge process) on the O-dGZNF, Li2O 
was initially formed due to the native oxide layer and oxygen atoms that came from Ge-Zn-O 
bonds (Figure 3-5b, g). Then, upon further lithiation, Ge and Zn atoms solely reacted with Li ions 
by breaking LixGe and LiZn bonds, as shown in Figure 3-5c and h43. Finally, crystalline Li15Ge4 
was completely formed from amorphous LixGe and showed a diameter of 91 nm, indicating 44% 
expansion (Figure 3-5d, i, l, and Supplementary Movie 1)49. After 1144 s, delithiation (charge 
process) was launched by applying a positive bias of 2 V, and Li was extracted from the O-dGZNF, 
as shown in Supplementary Movie 2. Afterward, the diameter of the NF was reduced to 82 nm 
(31% expansion with respect to pristine NF), while considerable amounts of Li-Ge and Li-Zn 
alloys were converted back to a-Ge and Ge-Zn (Figure 3-5e, j, m); these results corresponded to 
the XPS results of cycled samples in Figure 3-4 and Supplementary Figure 14. The overall volume 
change of the NF during one cycle in real time was shown in Figure 3-5n. For comparison, in situ 
TEM was also conducted for the electrochemical discharge process of an O-dGNF under the same 
conditions. Although the phase transition (formation of Li2O and alloyed Ge) was similar upon 
lithiation, the overall volume expansion after delithiation was larger (51% diameter change), even 
though the NF was thinner (Supplementary Figure 20 and Movie 3). Based on these results, Zn 
helped to alleviate volume expansion; this assistance can be ascribed to better structural integrity 
arising from the formation of Ge-Zn-O and a lower theoretical volume change in Zn. 
To comprehend such trends at the bulk scale, ex situ SEM analysis was performed to further 
compare the degrees of volume change in O-dGZNFs and O-dGNFs. The cross-sectional SEM 
images in Supplementary Figure 21 showed a smaller thickness change in O-dGZNFs (11.6%) 
than in O-dGNFs (13.3%) after the 1st cycle. The intermolecular introduction of Zn atoms, which 
partially act as buffering layers, into the Ge-based NFs resulted in a lower degree of volume 
change. As a result, the O-dGNF electrode finally underwent a 211% volume expansion after 300 
cycles due to the agglomeration of Ge particles and fracturing during cycling, whereas the O-
dGZNF electrode only showed a 100% volume change. In addition, ex situ TEM analysis after 50 
cycles (Supplementary Figure 22) corroborated the stable formation of an SEI layer on the O-
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dGZNFs, in contrast to O-dGNFs; the introduction of Zn also resulted in more stable interfacial 
properties. The large volume expansion of O-dGNFs was attributed to the pulverization of the 
active materials, leading to unsustainable cycle retention (Figure 3-3d). In addition, the electronic 
characteristics of O-dGNF and O-dGZNF were verified through in situ conductivity 
measurements (Figure 3-5o) of each single NF. The conductivity was measured at three different 
states (state i, ii, and iii, corresponding to Figure 3-5f, g, and i, respectively) of lithiation in a 
voltage range from -10 to 10 V. When we simply calculated the electrical conductance using 
Ohm’s law (R = V/I or G = I/V, where R, G, V, and I indicate the electrical resistance, conductance, 
voltage, and current, respectively), a small difference in conductance between the two single NFs 
was apparent in state i. In contrast, the electrical conductance of the O-dGZNF in state ii was 36 
times higher than that of O-dGNF because metallic Ge-Zn bonds were formed due to Li2O 
formation from Ge-Zn-O. Furthermore, the conductance of O-dGZNF in state iii was still 31 times 
higher than that of O-dGNF even after complete lithiation of both NFs – this result is attributed 
to the higher intrinsic conductivity of Zn (1.7 x 107 S m-1) than that of Ge (2 x 103 S m-1) in the 
bulk; furthermore, lithiated Ge exhibits enhanced electrical properties. This result clearly 
demonstrates that the intermolecular introduction of Zn leads to dramatically improved electrical 
conductance and can be expected to provide a facile electron pathway upon discharge/charge. 
Additionally, in situ galvanostatic electrochemical impedance spectroscopy (GS-EIS) (Figure 
3-5p) was performed at 1.0 C-rate during lithiation to obtain a comprehensive understanding of 
the effect of Zn on electrochemical performance because the electrochemical kinetics of 
electrodes are strongly related to the charge transfer resistance (RCT). The overall RCT value of the 
O-dGZNF electrode including intermolecular Zn was significantly less than that of the O-dGNF 
electrode owing to the enhanced electronic conductivity of O-dGZNFs. Moreover, the improved 
ionic conductivity resulting from the random distribution of Li2O and Li2CO3 in NFs helps Li ions 
easily penetrate the active materials and maintain a low RCT value. However, RCT typically 
increases in the stage of deep lithiation due to the formation of Li2O and Li2CO3, which interrupt 
the movement of electrons and act as an insulator despite supporting fast Li ion diffusion, shown 
in O-dGNF electrode. In contrast, the O-dGZNF electrode sustained a low value of RCT regardless 
of the formation of Li2O/Li2CO3, attributed to the intermolecular distribution of Zn, which has 
outstanding electronic conductivity. These results suggest that randomly formed lithium 
composites decrease the resistance with an elevated ion diffusion rate and that the intermolecular 
interactions of Zn in the electrode significantly provide a facile electron pathway while 
simultaneously suppressing a resistance increase. 
Extensive electrochemical performance characterization and practical confirmation of O-
dGZNFs. The unstable structure of Ge suffers from electrochemical volume expansion during 
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lithiation, which triggers undesired side reactions, such as delamination and pulverization of the 
electrode with the continuous consumption of electrolyte. The structural evolution of 
intermolecularly connected O-dGZNFs exhibited outstanding electrochemical performance under 
harsh conditions (high C-rates) and ultralong cycle retention at 3.0 C-rate. The morphological 
structure of O-dGNFs was broken down due to uncontrollable volume expansion with uneven 
interfacial properties (Supplementary Figure 22a), which led to poor rate capability (Figure 3-6a). 
Such unstable structures inhibit facile electron transport at high current rates, leading to rapid 
capacity fading at high C-rates. In contrast, the O-dGZNFs became porous and hollow over the 
course of 50 cycles while relatively uniform interfacial layers containing Li2O and Li2CO3 were 
formed, and the structural integrity of the material was maintained (Supplementary Figure 22b). 
As a result, O-dGZNFs can provide fast electron/ionic transport at high current rates and retain 
considerable capacity (~50% at 20 C compared with that at 0.2 C-rate). Furthermore, the O-
dGZNFs showed a capacity recovery of 98.7% when the C-rate changed from 20 C to 0.2 C-rate. 
As O-dGZNFs possess suitable electrode architectures that allow facile ionic/electronic transport 
with considerable structural stability, this material also exhibits ultralong cyclability (capacity 
retention of 73%) at high C-rates (3.0 C-rate) without any dramatic capacity decay from electrode 
delamination or pulverization (Figure 3-6b). 
Due to their practical feasibility, both O-dGNFs and O-dGZNFs were finally paired with a 
LiCoO2 (LCO) cathode, which exhibited an electrode thickness of approximately 52.2 μm and 
typical electrochemical characteristics (Supplementary Figure 23). Because one-dimensional 
materials generally form a considerable proportion of the SEI layer due to their high surface area, 
the anodes were treated through a prelithiation process before full cell assembly. The full cells of 
O-dGNFs and O-dGZNFs initially exhibited reversible capacities of 2.11 and 2.02 mAh cm-2 after 
the formation cycle (Supplementary Figure 24a). Discharge capacity of both electrodes is higher 
than initial charge capacity owing to prelithiated anodes. Further cycle retention tests at 1.0 C-
rate (Figure 3-6c) confirmed the significantly superior performance of O-dGZNFs when 
assembled in a full cell, delivering a reversible areal capacity of 0.95 mAh cm-2 with a capacity 
retention of 60% for 400 cycles, in contrast to O-dGNFs (capacity retention of only 23% with an 
areal capacity of < 0.5 mAh cm-2). The demonstration of LED light is further showcased for O-
dGZNFs in Supplementary Movie 4, which highlights the practical operation of such full cells. 
Moreover, the rate capabilities of O-dGZNFs and O-dGNFs assembled in full cells were further 
characterized and are shown in Supplementary Figure 24b; superior rate capabilities were also 
observed for O-dGZNFs in assembled full cells. 
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Figure 3-1. Morphological structure evolution. (a) Schematic illustration of the whole synthetic 
process. The inset TEM images in a correspond to O-iGZNFs and O-dGZNFs. (b) SEM image of 
as-spun NFs. HR-TEM images and SAED patterns of (c) O-iGZNFs and (d) O-dGZNFs. (e) 
HAADF-STEM mapping of O-dGZNFs: red-carbon, orange-nitrogen, yellow-oxygen, cyan-
germanium, and green-zinc. Scale bars: (a) 500 nm, (b) 10 μm, (c, d) 5 nm and 5 1/nm, and (e) 
50 nm. 
55 
 
 
Figure 3-2. Structural analysis of the synthesis. (a) Raman spectra of O-dGNFs and O-dGZNFs. 
Core-level XPS spectra of O-iGZNFs and O-dGZNFs in (b) Zn 2p and (c) Ge 3d. EXAFS spectra 
of the (d) O-dGNF and (e) O-dGZNF series. Pure Ge was used as a reference sample. (f) Diameter 
change and Ge loss in O-dGNFs and O-dGZNFs. 
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Figure 3-3. Electrochemical properties of O-dGNF and O-dGZNF electrodes. Differential 
capacities of (a) O-dGNFs and (b) O-dGZNFs for featured cycles. (c) Discharge/charge profiles 
at the 1st cycle (bold line) and 50th cycle (dashed line). (d) Charging capacity retention at 0.2 and 
2.0 C-rate. (e) Comparison of the faradaic current of pristine and 50-cycled electrodes at various 
scan rates. (f) Plots of squared scan rate vs. peak current calculated by the Randles–Sevcik 
equation (Eq. (2)). 
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Figure 3-4. Physical analysis of O-dGNFs and O-dGZNFs at various states. (a, b) Core-level XPS 
spectra of pristine and O-dGZNFs-50th electrodes after partial etching to remove the SEI layer in 
Zn 2p. EXAFS spectra of (c) O-dGNFs and (d) O-dGZNFs at various states. 
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Figure 3-5. In situ characterization of O-dGNFs and O-dGZNFs. In situ TEM observations were 
conducted with an O-dGZNF sample. Time-resolved TEM images for (a–d) lithium insertion and 
e lithium extraction in real time. (f–j) Each SAED pattern corresponds to the TEM image above. 
(k–m) Magnified TEM images of featured states. (n) Curve of diameter change vs. time upon 
lithiation/delithiation. (o) In situ electrical conductivity measurement of O-dGNFs and O-
dGZNFs during the lithiation process at three points, marked as state i, ii, and iii and 
corresponding to f, g, and i, respectively. (p) In situ EIS galvanostatic measurements during 
lithiation at 1.0 C-rate of O-dGNFs and O-dGZNFs. Scale bars: (a) 200 nm and (f) 5 1/nm. 
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Figure 3-6. Rate capability and long-term cyclic stability in both half and full cells. (a) Rate 
capability of O-dGNFs and O-dGZNFs. (b) Cyclic performance of OdGZNFs at 3.0 C-rate. (c) 
Electrochemical performance of full cells assembled with LCO at 1.0 C-rate. Inset photographs 
indicate the charged O-dGZNFs/LCO full cell before and after closing the circuit.  
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3.4 Conclusion 
 
Ge and Zn atoms are homogeneously distributed in our onedimensional, oxygen-deficient, 
disordered Ge–Zn NFs (OdGZNFs). The delicate formation of Ge–Zn bonds suppressed Ge 
sublimation during the synthetic process, which resulted in a higher yield of Ge after the reduction 
process. The intermolecular interactions of Ge–Zn in NFs not only contributed to enhanced 
structural integrity but also enabled faster electron and ionic transport, as evidenced by the higher 
electronic conductivity and Li ion diffusivity of O-dGZNFs compared with those of O-dGNFs. 
In addition to the superior architectures of O-dGZNFs compared with those of O-dGNFs, more 
uniform interfacial layers were formed on the OdGZNFs, which additionally act as fast ionic 
conductors. As the dual functionalities of Zn not only improve electronic conductivity but also 
maintain structural integrity, the O-dGZNFs exhibited outstanding rate capability (~50% capacity 
retention between 0.2 and 20 C-rate) and cycle retention (73% at 3.0 C-rate) with 546 mAh g−1 
even after 1000 cycles. Furthermore, stable full cell operation of O-dGZNFs was demonstrated 
with LCO as a cathode for 400 cycles at a relatively high C-rate (1.0 C-rate). This work sheds 
light on the utilization of intermolecular interactions of metal atoms (Ge and Zn) to ensure facile 
ionic/electronic transport and stable interfaces/morphologies. This approach could be extended to 
other electrode materials to enable advanced rechargeable energy storage systems. 
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Chapter IV. Stress-tolerant nanoporous germanium nanofibers for long 
cycle life lithium storage with high structural stability 
 
 4.1 Introduction 
One-dimensional (1D) nanosized electrode materials (nanowires, nanofibers, nanotubes, etc.) 
have highly contributed to improve performance of lithium-ion batteries (LIBs).1-12 For example, 
high-capacity Si and Ge nanowire (NW) anodes which were firstly reported by Cui’s group 
showed stable cycling lives with reversible capacities higher than 3500 (for Si NWs) and 1100 
mAh g-1 (for Ge NWs) due to their large surface area which enables a facile access of electrolytes 
for rapid lithium-ion diffusion and effective accommodation of a large strain without 
pulverization during charge/discharge processes.13,14 The small diameter of high-capacity NWs 
allows for effective accommodation of their huge volume changes (above 300%) during cycling 
without initiation of fracture which are commonly observed in bulk or micrometer-sized high-
capacity anodes.15,16 These NWs are usually prepared onto stainless steel current collectors by a 
vapor–liquid–solid method using a chemical vapor deposition (CVD) which is the most 
conventional method for growing 1D electrode materials.13,14 However, the current CVD 
technology with lack of high throughput and low cost has restricted its availability and only 
contributed to synthesis of research-level NW anodes for LIBs.17 Furthermore, highly flammable 
and volatile precursors for growing the NWs are usually toxic and morphological control such as 
introduction of porous structure is also limited.18,19 Meanwhile, a large irreversible capacity loss 
in the first cycle, which is primarily attributed to the inherently large interfacial contact area 
between the NWs and electrolyte, also hampers practical utility of them.14 In order to circumvent 
this intrinsic problem of the NW anodes, introduction of nanostructure in micrometer scale with 
moderate porosity can be an effective strategy not only for avoiding the severe side reaction with 
electrolyte but also for accommodation of huge volume expansion during lithiation.20,21 For 
example, nanoporous 1D structure with micrometer length can provide both advantages of nano- 
and micrometer-sized high-capacity anodes including a facile Li-ion diffusion owing to short ion 
diffusion length and low reactivity in electrolyte.1,2 Further, the empty spaces in nanoporous 1D 
structures also effectively accommodate the huge volume changes associated with repeated 
charge/discharge process.1 Considering these features, utilizing the nanoporous 1D structure in 
high-capacity anodes is very appealing strategy. However, easy and high-throughput preparation 
method for the nanoporous 1D structure has not been reported. 
Here, we report nanoporous Ge nanofibers (NPGeNFs) whose typical length is several tens 
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of micrometer and diameter is less than 200 nm via a combination of simple electrospinning and 
low energetic zincothermic reduction reaction. In contrast with the conventional CVD method, 
our method provides high tunability and controllability in terms of macro/microscopic 
morphologies such as porosity, length, and diameter for enhancing the electrochemical 
performance of electrodes. In this regard, we introduced the nanoporosity in the GeNFs 
(NPGeNFs) which facilitate the electrolyte penetration and shorten the transport distance of Li 
ions, resulting in favorable charge transfer at electrode/electrolyte interfaces, rather than leading 
to severe side reaction, which commonly occurs in NW anodes. Furthermore, the nanopores 
formed in the NPGeNFs effectively accommodate volume expansion upon lithiation and 
guarantee the reversibility of structural changes during cycles. With this rational design, the 
NPGeNFs delivered a high initial reversible capacity of 1373 mAh g-1 and outstanding capacity 
retention (80%) after 500 cycles at 3.0 C with extremely low capacity decay rate of 0.039% per 
cycle. Notably, stable capacity retention with considerable Coulombic efficiency in the full cell 
configuration with commercial LiCoO2 indicated a high feasibility of the NPGeNFs as high 
performance anodes for LIBs. 
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4.2 Experimental method 
 
Synthesis of Nanofibers. The NFs were prepared via a combination of electrospinning and a 
zincothermic reduction reaction. For the preparation of NPGeNFs, 0.6 g of germanium(IV) 
ethoxide (Sigma-Aldrich) and 0.87 g of TEOS (Sigma-Aldrich) were added in an 8 mL solution 
consisting of the same volume of dimethylformamide (DMF, Sigma-Aldrich) and ethanol. For 
HNPGeNFs, 0.6 g of germanium(IV) ethoxide and 1.74 g of TEOS and for L- NPGeNF, 1.2 g of 
germanium(IV) ethoxide and 0.87 g of TEOS were added in each 8 mL of solution consisting of 
the same volume of DMF and deionized (DI) water. After addition of 0.02 mL 
(0.04 mL for the H-NPGeNF) of acetic acid (Alfa Aesar) in each solution, the solutions were 
vigorously stirred at room temperature for 6 h. Then, 1 g of PVP (Mw = 1 300 000 g mol−1) was 
added in each solution and further stirred at room temperature for 12 h. For electrospinning, each 
solution was loaded into a plastic syringe that 
was fixed at 20 cm from a stainless foil wrapped on a cylinder collector with a diameter of 8 cm. 
During the electrospinning, a voltage of 15.8 kV was applied from a high-voltage dc power supply 
to the tip of a stainless steel needle (21 gauge) connected to the syringe. The flow rates were 
adjusted to 1.5 mL h−1, and the rotating speed of the cylinder collector was 100 rpm. The 
electrospinning was conducted at a constant temperature of 20 °C and relative humidity of 30%. 
After the electrospinning process, as-spun fiber mats were scrapped off from the stainless steel 
foil using a razor blade and moved to an alumina crucible. Then, the as-spun fiber mat was 
calcined at 600 °C for 5 h in a muffle furnace (Vulcan 3-550, Ney) with a ramping rate of 1.5 °C 
min−1. Then, the as-calcined fiber mat was uniformly mixed with Zn metal powder in the atomic 
ratio of GeO2 portion to Zn for each sample, moved to a stainless steel reactor, and heated at 
600 °C for 3 h in an alumina furnace under an argon (Ar) atmosphere (ramping rate: 3 °C min−1), 
named zincothermic reduction reaction. Afterward, HCl and HF etching treatments were 
conducted to remove ZnO byproducts formed during GeO2 reduction and SiO2 remaining in NFs, 
respectively. The NFs after calcination, ZRR, HCl, and HF treatment were labeled as GeO2/SiO2, 
Ge/SiO2/ZnO, Ge/SiO2, and HPGeNF, respectively. For the preparation of GeNFs, 0.4 g of GeO2 
was dissolved in 50 mL of DI water. Then, 7.5 g of PVP was added into the solution and stirred 
at 500 rpm for 6 h. Then, the electrospinning solution was loaded into the syringe, where the 
electrospinning process took place. The electrospinning was conducted with the following 
conditions: flow rate of 0.5 mL h−1, an applied voltage of 16.0 kV, and a distance of 15 cm 
between the tip of the syringe and the current collector using a 25 gauge needle. The same 
processing procedures were applied to GeO2 NFs for the calcination and reduction process. In the 
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case of GeNFs, only HCl treatment was conducted because no SiO2 was included. 
Characterization. To characterize the morphologies of NFs, a transmission electron microscope 
(TEM, Titan cubed G2 60- 300, FEI) with an operating voltage of 300 kV and field-emission 
scanning electron microscopy (FE-SEM, S-4800, Hitach) were used. For the conformation of 
atomic distribution, HAADF-STEM mapping was conducted using the same TEM instrument. To 
understand the decomposition behavior of PVP and formation of the SiO2/GeO2 composite NFs, 
TGA (TG 209 F3, Netzsch) was conducted. XRD patterns were acquired using a Bruker D8-
Advance with a 3 kW Cu Kα wavelength in the range of 20° and 80° to investigate sample 
crystallinity. BET and Barrett−Joyner−Halenda (BJH) analysis, for confirming surface area and 
pore distribution, were conducted by an Auto Physisorption analyzer (ASAP2020 analysis). 
In Situ TEM Observation. The open cell, which was composed of Li metal as the counter 
electrode and samples as the working electrode loaded on a tungsten (W) tip and aluminum (Al) 
wire, respectively, was fabricated to observe the lithiation/delithiation process in real time using 
a Nanofactory STM holder and tested by an environmental TEM (ETEM, Titan, FEI). Li metal 
was scratched out in an Ar-filled glovebox, and it was transferred to the ETEM. While exposed 
to air (< 2 s), a lithium oxide solid-state electrolyte on a Li metal surface was formed. The −2 V/2 
V bias was applied through the potentiostat to conduct lithiation/delithiation observation. 
Electrochemical Test. All electrodes were casted on Cu foil and composed of three kinds of 
components, active material, conductive materials, and binder in the ratio of 70:15:15 (w/w/w). 
Super-P carbon black and poly(acrylic acid)/carboxymethyl cellulose (1:1 weight ratio) was 
selected as the conductive material and the binder, respectively (loading mass ∼1 mg cm−2). 
Then, the electrodes were transferred to an Ar-filled glovebox for cell assembly using 2016 
cointype cells (Welcos), paired with a Li metal counter/reference electrode. A polypropylene 
membrane (Celgard) as a separator and ethylene carbonate/diethyl carbonate (3:7 v/v) with 10 
wt % fluoroethylene carbonate additive and 1.3 M LiPF6 salt as an electrolyte were chosen. All 
galvanostatic measurements were tested using a WBCS-3000 battery cycler (Wanatech) in the 
potential window of 0.005−1.5 V (first cycle)/0.01−1.5 V (further cycle) for the half cell and 
2.5−4.29 V for the full cell at a continuous 25 °C. For the full cell test, the electrode was combined 
with lithium cobalt oxide (LiCoO2, LCO) consisting of LCO:Super-P:polyvinylidene fluoride 
binder (90:5:5 w/w/w) (loading mass: 13 mg cm−2). EIS results were obtained in the frequency 
range of 10−2−106 Hz. 
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4.3 Results and discussion 
 
Preparation and Characterization of the NPGeNFs. As shown in Figure 4-1a, the 
NPGeNFs were simply achievd via a combination of electrospinning and zincothermic reduction 
reaction (ZRR). Electrospun poly(vinyl pyrrolidone) (PVP) NFs containing tetraethylorthosilicate 
(TEOS) and germanium (IV) ethoxide (TEOG) were converted into inorganic composite NFs 
during calcination at 600 °C in air atmosphere. The shrinkage of the electrospun polymer NFs 
was observed due to removal of polymer during the calcination (Figure 4-1b and S1). According 
to thermogravimetric analysis (TGA) under oxygen atmosphere, the PVP was almost completely 
burned away above 600 °C and inorganic NFs were obtained (Figure S2). As can be clearly seen 
in Figure 4-1c, Ge, Si, and O elements were homogeneously distributed in the composite NFs. 
Subsequently, in situ reduction of the composite NFs using Zn vapor was carried out in stainless 
steel reactor at 600 °C for 3 h under inert atmosphere. In general, the ZRR was known as lower 
energetic reaction than other metallothermic reduction (using Mg or Al).22,23 Therefore, this 
method is suitable for fabrication of delicate nanostructures. The nanopores were observed on the 
NFs due to the oxygen deficiency and finally the NPGeNFs were obtained after removing residual 
ZnO using dilute HCl (Figure 4-1d, S3, and S4). After etching process of SiO2 using the dilute 
HF solution, abundant nanopores (diameter: 1-50 nm) were finally formed in the NPGeNFs along 
with the lattice fringe with a d spacing of 0.31 nm that exactly corresponds to the (111) plane of 
Ge, as shown in the high-resolution TEM (HRTEM) image and Brunauer-Emmett-Teller (BET) 
analysis in Figure 4-1e,f, and Figure S5a.24 The XRD patterns display the components of each 
step clearly in Figure 4-1g and Figure S5b. After calcination step, the obtained inorganic NFs 
were composed of GeO2 (JCPDF#03-065-6772) and SiO2 (JCPDF#99-000-0356). The final 
products, NPGeNFs, showed pure Ge peaks such as 27.3, 45.4, 53.8, 66.1, and 72.9° 
corresponding to (111), (220), (311), (400), and (331), respectively (JCPDF#03-065-0333).  
The nanoporous structure of the NPGeNFs takes a significant advantage of effective contact 
between electrolyte and electrode surface and facilitates charge transfer across the electrode-
electrolyte interface without accompanying disadvantages of highly porous structure such as large 
irreversible capacity in the first cycle. The nanoporous morphology of NPGeNFs can be easily 
tunable by controlling composition of electrospinning solution (Figure S6). Increasing TEOS 
content in the electrospinning solution resulted in higher nanoporous morphology in NPGeNFs 
(hereafter, H-NPGeNFs), while lower nanoporous morphology in NPGeNFs (hereafter, L-
NPGeNFs) was obtained with decreased TEOS content, as shown in (Figure S7) because the 
nanoporosity of NPGeNFs is determined by the removal of SiO2 and ZnO from Ge/SiO2 
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nanofibers after the ZRR. Therefore, the content of SiO2 in the Ge/SiO2 nanofibers can greatly 
affect the porous morphology of NPGeNFs. With higher TEOS content in electrospun nanofibers, 
the higher amount of SiO2 is generated in the GeO2/SiO2 nanofibers, resulting in larger amount 
of removal of SiO2 after ZRR and subsequent etching processes. As a result, NPGeNFs with more 
nanoporous morphology is obtained. On the other hand, NPGeNFs with less nanoporous 
morphology are obtained from as-spun nanofibers with low content of TEOS because small 
amount of SiO2 is developed and etched in the GeO2/SiO2 nanofibers. In order to compare the 
effectiveness of nanoporous structure of NPGeNFs, we also synthesized nonporous germanium 
NFs (hereafter, GeNFs). Crystalline GeNFs showed lower porous surface morphology having 
smooth surface compared to those of H-NPGeNFs, NPGeNFs, and L-NPGeNFs (Figure S8 and 
S9).  
In Situ TEM Observation of Lithiation/Delithiation. Morphological changes of the 
NPGeNFs were investigated by in situ TEM during lithiation and delithiation processes. An open 
cell consisted of the NPGeNFs loaded on platinum wire substrate as the working electrode and a 
Li probe as the counter electrode. Then, native Li2O surface layer grown on Li surface served as 
a solid electrolyte, as schematically shown in Figure 4-2a. External bias of -2 V/2 V was applied 
between the working and the counter electrodes for lithiation/delithiation processes. A time series 
of lithiation/delithiation of the NPGeNFs was displayed in Figure 4-2b. The time-lapse TEM 
images of the NPGENFs demonstrate large volume expansion and morphology change during the 
lithiation/delithiation. Owing to the nanoporous 1D structure, the NPGeNFs showed highly 
suppressed diameter change less than 25% after fully lithiation (Figure 4-2c and Supporting Video 
1). Interestingly, the suppressed volume expansion was almost maintained during the delithiation 
(Supporting Video 2). A typical selected area electron diffraction (SAED) pattern for pristine 
NPGeNFs showed structural changes, that is a crystalline-to-amorphous phase transformation, 
accompanying alloy phases such as LixGe during the lithium alloying and dealloying (Figure 4-
2d). The expanded volume of the NPGeNFs after delithiation is related to the pore memory effect, 
which is an interesting phenomenon of Ge anodes during lithiation/delithiation processes.25,26 As 
shown in Figure 4-2e,f, nanopores in the NPGeNFs disappeared after full lithiation. Surprisingly, 
however, the previous nanopores in the NPGeNFs reappeared at the same locations with similar 
sizes and shapes. In addition, new nanopores appeared after delithiation. This “pore memory 
effect” can be explained on the basis of work by Liu et al. where they investigated reversible 
nanopore formation in Ge nanowires by in situ TEM.25 First, after the nanopores are created in 
the NPGeNFs, Li diffusion will take place preferentially along the free surface of internal pores 
because surface diffusion is much faster than bulk diffusion. Therefore, regions near the pore were 
first lithiated and delithiated in subsequent cycles. Then, the pores were greatly constricted during 
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lithiation, but never fully closed, so when delithiation started, the pores could recover their old 
tracks. Meanwhile, the NPGeNFs sustained their expanded volume due to the generation of new 
nanopores near previous nanopores after delithiation. This interesting feature is beneficial for the 
battery performance because the reversible porous structure effectively alleviates repeated 
volume change of the NPGeNFs rather than fracture. Furthermore, new nanopores, which were 
developed near the previous nanopores, can also contribute to alleviate volume expansion. 
Electrochemical Properties. Electrochemical properties of the NPGeNFs were investigated 
using CR 2016 coin-type cells. First of all, cyclic voltammetry (CV) was initially investigated, as 
shown in Figure 4-3a. The CV measurement was performed at a scan rate of 0.1 mV s-1 between 
0 and 3.0 V. During the first cathodic scan, one peak at around 0.1 V was clearly observed, which 
can be ascribed to the formation of LixGe alloys and a solid electrolyte interface layer (SEI). The 
oxidation peak at around 0.58 V is attributed to the dealloying reaction of LixGe. In the second 
cycle, both the cathodic and anodic peaks were shifted or newly developed because of 
amorphization of Ge in the first lithiation process. Generally, amorphous Ge showed more 
favorable lithium insertion/deinsertion kinetics than crystalline Ge, resulting in the narrowing 
potential hysteresis.20 Therefore, more sharp anodic/cathodic peaks were developed in the second 
CV curve. From the 3rd CV curve, both anodic and cathodic curves were gradually overlapped, 
indicating high reversibility of NPGeNFs.27 Figure 4-3b and Figure S10a show the first 
galvanostatic discharge/charge profiles of GeNFs, H-NPGeNFs, NPGeNFs, and L-NPGeNFs in 
the potential window of 0.005-1.5 V. For a formation of smooth SEI layer, all cells were scanned 
at a rate of 0.05 C during the first cycle. The first discharge capacities of the GeNFs, H-NPGeNFs, 
NPGeNFs, and L-NPGeNFs were 1587, 1704, 1678, and 1619 mAh g-1 (with initial Coulombic 
efficiencies (ICEs) of 83.8, 71.6, 81.8 and 82.7%), respectively. Notably, all samples showed 
different ICEs, which can be explained by their different surface areas. In general, anode materials 
with a large surface area suffer from severe side reactions, leading to low ICEs. For this reason, 
the H-NPGeNFs (55.4 m2/g), which have high surface area compared to other samples, showed 
noticeably lower ICE than other samples, i.e., GeNFs (4.5 m2/g), NPGeNFs (33.6 m2/g), and L-
NPGeNFs (20.9 m2/g). On the contrary, the L-NPGeNFs showed a low surface area, resulting in 
the highest ICE.  
In order to compare the Li+ storage properties, rate capabilities and long-term cyclabilities 
of the samples were measured at the same charge/discharge current densities. The NPGeNFs 
exhibited highly improved rate capabilities compared to GeNFs and other samples throughout 
stepwise current densities (Figure 4-3c and Figure S10b). Furthermore, the capacity under highest 
current density (30 C) was almost recovered when current rate was returned to 0.2 C. Similar with 
the rate capability result, the NPGeNFs also exhibited outstanding capacity retention of 99.5% 
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(corresponding to an average capacity decay of 0.016% per cycle) compared to the GeNFs 
(capacity retention: 38%) after 300 cycles at 2.0 C, as shown in Figure 4-3d. By contrast, the L-
NPGeNFs and H-NPGeNFs showed poor capacity retention of 62.8% and 92.8%, respectively. 
Moreover, the GeNFs exhibited even worse capacity value of 383 mAh g-1 (corresponding to the 
capacity retention of 39.2%) after 300 cycles (Figure 4-3d and Figure S10c). Meanwhile, stable 
cycle performances have been frequently achieved in electrodes with low active mass loading. 
From a practical point of view, however, reasonably thick electrodes with high mass loading are 
required to provide sufficient areal capacity (2 mAh cm-2) in many cases.28 Normally, transport 
of Li ions is more sluggish in the thick electrode compared to thin electrodes, resulting in 
degradation of reversible capacity and cycle retention.29 On the other hand, the NPGeNFs showed 
higher reversible areal capacity (2.28 mAh cm-2) in the first cycle and retained durable cycling 
performance over 150 cycles at an increased areal mass loading of 2 mg cm-2 owing to the 1D 
nanoporous morphology of the NPGeNFs which facilitates the diffusion of Li ions across the 
electrodes (Figure S11).   
This excellent cycle performance of the NPGeNFs was further confirmed with 
electrochemical impedance spectroscopy (EIS) measurements (Figure S12). The NPGeNFs 
showed almost same charge-transfer resistance (RCT) after both 1st and 100th cycles. By contrast, 
the GeNFs showed a drastic increase of RCT, resulting in significant capacity degradation after 
100 cycles, as clearly shown in Figure 4-3d. Such noticeable rate capability and cycle stability 
clearly verify the excellent electrochemical property of the NPGeNFs. The cycling stability of the 
NPGeNFs was further evaluated at much higher current density of 3 C, as displayed in Figure 4-
3e. The NPGeNFs retained a high capacity of 678 mAh g-1 even after 500 cycles at 3 C, 
demonstrating a capacity retention of 80.4% and a very small capacity fading of 0.039% per cycle. 
Moreover, outstanding capacity retention (86.0%) was also obtained even at high rate of 5 C, 
indicating the excellent electrochemical stability of NPGeNFs (Figure S13).  
A huge volume expansion of high-capacity alloying (Ge, Si, Sn, etc.) anodes during lithiation 
results in a serious fracture of electrodes and yields additional electrode/electrolyte interfaces, 
where further electrolyte decomposition takes place for more SEI layer growth. Both 
pulverization of active materials and formation of more SEI layers lead to fast capacity fade of 
LIBs. Thus, rational electrode design with high damage tolerance is important for the high-
capacity alloying anodes. The fracture endurance of macroscopic architectures of the NPGeNFs 
was further investigated in the same manner as the nanoscale dimension. Instead of TEM analysis 
for discrete NPGeNFs, we conducted cross-sectional SEM analysis for tens-of-micrometer-thick 
NPGeNF electrode (Figure S14). It should be noted that the volume change of the NPGeNF 
electrode was only 14.8% which is comparable to that of commercial graphite anodes (10%), 
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despite its high reversible capacity (1373 mAh g-1) and a large amount of active material (70 wt%) 
in the electrode. The above-mentioned interesting feature in nanoscale dimension, retaining 
expanded volume after full delithiation, was also observed in the NPGeNFs electrode. Moreover, 
TEM images of intact NPGeNFs after 100 cycles indicated a high durability of the NPGeNFs 
against pulverization (Figure S15). Compared with previously reported Ge nanowire anodes, the 
NPGeNFs delivered highly improved ICEs and excellent cycle performance, as shown in Table 
S1.16,17, 30-33  
In order to confirm the relevance of the NPGeNFs as a promising anode for high-capacity 
LIB applications, we fabricated a full cell, where the NPGeNF anode was assembled with a 
commercial LiCoO2 cathode with high mass loading of 13 mg cm-2. The N/P ratio (areal capacity 
ratio between negative and positive electrodes) was 1.08. The NPGeNF anode was 
electrochemically prelithiated prior to device assembly for minimization of irreversible capacity. 
In general, the prelithiation process of high-capacity alloying anodes effectively compensates for 
their capacity loss and promotes a formation of stable SEI layer.34 The first galvanostatic 
charge/discharge voltage profiles of the as-prepared full cell in the potential window of 2.5–4.29 
V at 0.1 C were shown in Figure 4-4a. The full cell delivered a reversible capacity of 135 mAh g-
1 with higher ICE (84%) compared to the NPGeNF half cell (81.8%), which can be attributed to 
the prelithiation process. Furthermore, the full cell showed stable capacity retention of 73.3% 
(77.1 mAh g-1) over 200 cycles at a rate of 0.5 C with average Coulombic efficiency of 99.9% 
(Figure 4-4b,c). It is noteworthy that the full cell delivered an energy density of ~350 Wh kg-1, 
which is much higher than that of current LIB.35  
The superior electrochemical properties of both half and full cells can be attributed to the 
rationally designed structural feature of the NPGeNFs. The nanoporous structure with moderate 
porosity significantly contributed to the alleviation of volume expansion and reducing lithium ion 
diffusion length while minimizing side reaction. Concurrently, high durability of the NPGeNFs 
throughout micrometer length plays a critical role in reliable long-term operation of cells under 
fast charging/discharging.  
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Figure 4-1. Characterization for a series of NPGeNFs. (a) Schematic illustration of the synthetic 
route. (b) TEM images and (c) HADDFSTEM mapping images after calcination at 600 °C in air. 
TEM images of (d) HCl and (e) HF treatment. (f) BJH analysis and (g) XRD patterns of each step. 
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Figure 4-2. In situ TEM measurement. (a) Schematic illustration of an in situ TEM cell. An 
NPGeNF as working electrode was attached to aluminum metal, the Li metal on tungsten was 
used as the reference electrode/counter electrode, and Li2O covered with Li metal was used as 
the solid electrolyte. (b) Time-resolved TEM images for lithiation and delithiation. (c) Plot of 
diameter changes vs time. (d) SAED patterns corresponding to featured TEM images  (0, 895, 
1310, and 1217 s). TEM images are of the schematic images for pore stabilization and 
development during lithiation/delithiation processes. (e) Magnified TEM images of pristine, fully 
lithiated, and fully delithiated NPGeNF. (f) Schematic illustration of the pore memory effect. 
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Figure 4-3. Electrochemical properties of NPGeNF and GeNF electrodes. (a) Cyclic voltammetry 
curves of the NPGeNF electrode. (b) Galvanostatic first cycle discharge/charge voltage profiles 
at 0.05 C in a potential window of 0.005−1.5 V. (c) Rate capability at various C rates (the same 
discharge/charge rate). (d) Cycle performance at 2 C. (e) Long-term cycle performance at 3 C 
during 500 cycles. 
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Figure 4-4. Electrochemical properties of an LCO/NPGeNF full cell. (a) Galvanostatic first-cycle 
discharge/charge voltage profiles at 0.1 C in a potential window of 2.5−4.29 V. (b) Voltage 
profiles of the LCO/NPGeNF full cell plotted for the fifth, 10th, 50th, 100th, 150th, and 200th 
cycles. (c) Cycle performance at 0.5 C. 
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4.4 Conclusion 
 
In summary, we have successfully developed 1D nanoporous Ge with moderate porosity by 
combining a simple electrospinning with a low-energetic zinc reduction process. The NPGeNFs 
with micrometer length exhibited excellent Li-ion storage properties including high rate 
capabilities and long-term cyclability. Furthermore, the NPGeNFs-LCO full cell retained a stable 
capacity retention with high energy density over 200 cycles. Noteworthy, the methodology 
described herein facilitates the synthesis of NPGeNF anodes as well as offers the precise control 
of nanoporosity in a straightforward way compared with a lab-scale NW fabrication via the 
conventional CVD process with lack of high throughput. We believe that our approach is a 
significant step toward theintroduction of customized geometries into 1D nanomaterials. 
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Chapter V. Intramolecuar deformation of zeotype-borogermanate 
toward a three-dimensional porous germanium anode for high-rate 
lithium storage 
 
 5.1 Introduction 
 
Zeolite is a well-known porous material with three-dimensional (3D) crystalline 
structure, which possesses the unique properties such as physical/chemical stabilities, non-
toxicity, and large internal pore volumes with well-defined aperture. The zeolite, which 
was formed naturally but produced industrially in a large scale, has been commercially 
applied to catalysts, ion-exchangers, and adsorbents.1,2 In addition, their characteristics 
have also been exploited as supporting materials for cathode, anode, and separator in 
lithium-ion batteries (LIBs).3‒5 Although conventional zeolites have intrinsic limitation to 
directly apply to the LIBs due to their poor performance caused by low conductivity and 
numerous inactive sites, their unique architectures have received significant attention 
especially in terms of porous material. On the other hand, multiscale hyperporous Si flakes 
and ultrathin Si nanosheets from Si-rich zeolite series of talc and clay minerals have been 
synthesized via a selective magnesiothermic reduction and have been applied to LIB 
anode.6,7 However, methods mentioned above require a harmful etchant such as strong 
nitric acid and subsequent hydrofluoric acid. Also, the synthetic method for conversion 
from zeolite to porous Ge anode materials has been still undeveloped. 
Recently, alloy-type materials have emerged for high-performance LIBs.8‒10 In 
particular, Ge-based anode materials have emerged as one of the most promising 
candidates compared with Si-based materials in LIBs due to their higher Li diffusivity (~ 
400 times greater than that of Si at room temperature) and electronic conductivity (104 
times higher than that of Si).11,12 Although theoretical gravimetric capacity of Ge (1384 
mAh g‒1 in the form of Li15Ge4) is lower than Si (3579 mAh g‒1 in the form of Li15Si4), 
volumetric capacity of Ge (7366 Ah L-1) is relatively similar to that of Si (8334 Ah L-1).13 
Their attractive features make them potentially interesting for high power application with 
rapid charge/discharge characteristics such as portable electronic devices, electrical 
vehicles, and large-scale energy storage. Unfortunately, even though bare Ge anode has an 
advantage as to unique behavior for Li-ion insertion/extraction, it increases mechanical 
stress by a drastic volume expansion (> 230 %) during the lithiation process (Ge + xLi+ + 
xe‒ ↔ LixGe, 0 < x < 3.75). As a result, a severe capacity fading occurs due to pulverization 
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of active materials and loss of the electrical contact from the current collector.14,15 To solve 
these issues, several strategies have been proposed through improving the structural 
stability and electrochemical performance including (i) morphology control of 
materials,16,17 (ii) introduction of active/inactive buffer matrix,18,19 (iii) employment of 
porous materials20,21 and (iv) synthesis of amorphous materials.22,23 In particular, porous 
materials with micrometer-scale architecture constructed by nanostructured particles 
generally provide several advantages which can improve electrochemical performances, 
including a facile penetration of electrolytes, alleviation of volume expansion, 
enhancement of electronic transport, and reduction of ion-diffusion length.24‒26 However, 
conventional approaches for synthesizing porous Ge materials, such as template-assisted 
method,27 electrodeposition28,29 and vapor deposition30, require additional procedure for 
etching the templates in a harmful solution to manufacture the desired porous structures. 
Here we demonstrate, for the first time, the synthesis of three-dimensional porous Ge material 
(denoted as 3D-pGe) from zeotype-borogermanate (K2B2Ge3O10) through a thermal deformation 
in closed system, etching with warm water, and subsequent hydrogen reduction steps. The well-
designed 3D-pGe is micrometer-scale architecture constructed by nanostructured Ge particles, 
showing the high-porosity in overall frameworks and these micro-size secondary particles 
features high tap density compared with simple Ge nanostructures, leading to a high volumetric 
density. In particular, as-formed pores play a significant role in a facile electrolyte penetration, 
effective Li-ion transfer into whole active materials, and mitigation of a large volume change 
derived from Li-alloying/dealloying reaction. In addition, this architecture leads to considerable 
contribution of surface-controlled reaction with pseudocapacitive behavior responsible for rate 
performance (342 mAh g‒1 at 10 C). Notably, the well-designed 3D-pGe anode delivers a high 
reversible capacity (770 mAh g‒1) with an outstanding coulombic efficiency per cycle (> 99.8 %) 
after 250 cycles at 1 C and solid electrolyte interphase (SEI) layers formed at first cycle stably 
maintains own shapes during repeated lithiation/delithation without further reconstruction. 
Furthermore, a full cell coupled with LiCoO2 cathode shows stable cyclability with 86.7% 
capacity retention during 200 cycles without dramatic capacity drop. 
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5.2 Experimental method 
 
Materials. Germanium oxide (99.999%, GeO2) was purchased from Sigma-Aldrich. 
1,4-diaminobutane (≥99%), ethylene glycol (≥99%), potassium tetraborate tetrahydrate 
(≥99.5%, K2B4O7·4H2O) and germanium power (~100 mesh, 99.999%) were purchased 
from Alfa Aesar. All the chemicals were used without further purification.   
Synthesis of KBGO. To synthesize the zeotype-borogermanate (K2B2Ge3O10, denoted 
as KBGO),31,32 3.12 g of GeO2 and 24 g of 1,4-diaminobutane were dispersed in solution 
with 30 mL of deionized water and 45 mL of ethylene glycol. After stirring for 1 h at room 
temperature, 9.51 g of K2B4O7·4H2O was added and stirred for another 1 h. Then, the 
mixture was transferred to 300 mL of Teflon-lined autoclave and heated in an electric oven 
at 180 °C at a rate of 5 °C min‒1 for 4 days. The precipitate was filtered with ethanol three 
times and dried in vacuum oven at 80 °C overnight. Finally, sample was heated to 600 °C 
for 6 h under air condition to remove the impurity. To check the optimized size and 
morphology of KBGO, the reaction time was controlled to 1, 2, 7 days, respectively.  
Synthesis of anode materials. As-prepared KBGO was heated in a closed-vessel 
furnace at 800 °C for 12 h under argon atmosphere to form the K2Ge4O9, GeO2, K2O, and 
B2O3 through thermal deformation. Then, the byproducts of GeO2, K2O, and B2O3 were 
removed by stirring with warm water at 60 °C for 12 h, followed by filtering with ethanol 
and drying overnight at 80 °C. The resulting K2Ge4O9 (KGO) reacted with forming gas 
(95/5 % of Ar/H2) at a flow rate of 500 mL min‒1 at 800 oC for 6 h. Finally, the resulting 
3D-pGe was washed with ethanol and dried overnight at 80 °C.  
Characterization. Surface morphologies were carried out with a field emission 
scanning electron microscopy (FE-SEM, Nova 230, FEI). The morphological 
investigations were analyzed by a high resolution transmission electron microscopy 
(HRTEM) and scanning TEM with an acceleration voltage of 200 kV, and an energy-
dispersive X-ray spectroscopy (EDX) was used to characterize the element of samples 
(JEM-2100F, JEOL). Surface analysis of samples were investigated by an X-ray 
photoelectron spectroscopy (XPS, K-alpha, ThermoFisher) with a beam of 
monochromated aluminum X-ray source. The crystallographic information was 
determined through a high power X-ray diffractometer (XRD, MAX 2500V, Rigaku, Cu 
Kα radiation λ = 1.54059 Å) with scanning angle 2θ ranging from 20° to 60°. Surface areas 
of samples were determined using N2 adsorption‒desorption isotherms at 77 K (ASAP 
2020, Micromeritics Instrument) with the Brunauer–Emmett–Teller (BET) method. 
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Thermogravimetric analysis (TGA) was measured until 800 °C at a rate of 10 °C min‒1 
under N2 atmosphere (Q500, TA). Raman spectroscopy was carried out on a confocal 
Raman (alpha 300R, WITec) with a laser wavelength of 532 nm.   
Electrochemical Test. A viscous slurry, which composed of active materials, conductive 
materials (Super-P), and poly (acrylic acid) (PAA)/ carboxymethyl cellulose (CMC) (1:1 weight 
ratio) as a binder with weight ratio of 8:1:1, was casted on Cu foil to fabricate electrodes (loading 
mass: 1.2-1.4 mg cm‒2). In the case of LiCoO2 (LCO) cathode, the weight ratio was 90:5:5 (LCO: 
Super-P: polyvinylidene fluoride). And the slurry was casted on Al foil. The LCO has loading 
mass of 12.7 mg cm-2. All electrodes were assembled in Ar-filled glove box using 2016-type coin 
cells (Welcos) with Li metal as the counter electrode (half-cell) and LCO (full-cell) as the cathode. 
Also, polyethylene membrane (Celgard) as the separator and liquid electrolyte, which consists of 
ethylene carbonate (EC)/diethyl carbonate (DEC) (3:7 volume ratio) with 10 wt% of 
fluoroethylene carbonate (FEC) and 1.3M LiPF6 salt, were used. Galvanostatic measurement was 
conducted using a battery cycler (Wanatech, WBCS-3000) under constant temperature (25° C). 
The potential range of half-cells was limited from 0.005 V to 1.5 V (formation cycle) and used 
for subsequent cycles in the range of 0.01-1.5 V. Meanwhile, full-cells were tested in 2.5-4.29 V 
voltage range. The calculation method of energy density has been described in Supporting 
information (Equation S1). Electrochemical impedance spectroscopy (EIS) results were obtained 
in the frequency range of 10-2 - 106 Hz. 
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5.3 Results and discussion 
 
A schematic illustration of synthesis process is shown in Figure 5-1a. Zeotype-
borogermanate (K2B2Ge3O10; denoted as KBGO) was synthesized by a simple 
hydrothermal reaction as the following equation. 
 
K2B4O7 + 3GeO2 → K2B2Ge3O10 + 2H3BO3    (1) 
 
Scanning electron microscopy (SEM) images of the resulting KBGO are shown in 
Figure 5-1b and S1 in the ESI.† In addition, scanning transmission electron microscopy-
high angle annular dark field (STEM-HAADF) image and energy-dispersive X-ray 
spectroscopy (EDS) mapping of optimized KBGO material are in Figure S2. This overall 
framework has a chiral structure based on chain-like [B2Ge3O10]n2n‒ polyanions to form the 
3D open frameworks with long, narrow-shaped, helical channels by ABAB stacking. 
These channels are composed of BO4 and GeO4 tetrahedral structures, and K+ ions filled 
in channels are coordinated by O atoms.31,32 Then, the composite material was formed by 
decomposition of KBGO during a thermal treatment in the closed system at 800 °C, as the 
following deformation equation.  
 
2K2B2Ge3O10 → K2Ge4O9 + K2O + 2B2O3 + 2GeO2  (2) 
 
After this step, molten salts of K2O (melting point ~ 740 °C) and B2O3 (melting point 
~ 450 °C) were hardened on the whole surface of K2Ge4O9 particles (Figure 5-1c, denoted 
as KGO with byproducts). To confirm the decomposition of KBGO and differences in 
structures of KBGO and KGO, thermogravimetric analysis-differential scanning 
calorimeter (TGA-DSC) and crystal structures were studied (Figure S3 and S4). After 
etching in warm water, byproducts including K2O, B2O3, and GeO2 were removed, 
resulting in generation of external voids in the K2Ge4O9 particle (Figure 5-1d, denoted as 
KGO). Finally, micron-scale 3D-pGe constructed by Ge nanoparticles was formed after 
hydrogen reduction of KGO (Figure 5-1e, denoted as 3D-pGe). Morphology and 
crystalline structure of the 3D-pGe displayed numerous pores in the overall frameworks 
with high crystalline Ge (111) particles, showing the lattice spacing of 0.33 nm and well-
ordered fast Fourier transform (FFT) patterns (Figure 5-1f‒h). 
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To verify the proposed concept of conversion from artificial zeolite to 3D-pGe anode 
material, an X-ray photoelectron spectroscopy (XPS) was performed to clarify the 
differences in the binding characteristics of each sample. The peaks of K 2p3/2 core level 
at KBGO and KGO appeared as relatively weak binding energies at 292.6 eV and 291.8 
eV, respectively, because K+ ions coordinate to oxygen atoms,32,33 whereas the peaks for 
KGO with byproducts were observed at higher binding energies of K 2p3/2 (~293.1 eV) 
due to the formation of K2O compounds after thermal deformation (Figure 5-2a).34 
However, these peaks disappeared after hydrogen reduction. The broad peak of KBGO at 
B 1s core level was consistent with boron in an oxidation state (~190 eV), and the peaks 
of KGO with byproducts indicated the formation of B2O3 (~193 eV) as shown in Figure 
5-2b.35,36 However, the peaks of boron components disappeared after etching in warm 
water. It can be concluded that the as-prepared byproducts of K2O, B2O3 and GeO2 were 
successfully removed by warm water, but a cubic architecture of KGO was well preserved. 
The binding energies of Ge 3d were deconvoluted into individual peaks at 32.7, 30.8, and 
29.2 eV, corresponding to GeO2, GeOx, and Ge, respectively (Figure 5-2c). The peaks of 
KBGO, KGO with byproducts, and KGO at Ge 3d mainly correspond to GeOx because 
their materials consist of covalent Ge‒O bonds. After hydrogen reduction, the sharp peak 
of 3D-pGe indicates high crystalline Ge, which also coincided with TEM image and 
Raman spectrum showing a single sharp peak of crystal Ge phase (Figure 5-1h and S5). 
To further confirm the crystallographic information of each sample, X-ray diffraction 
(XRD) patterns were obtained (Figure 5-2d). The XRD patterns for KBGO are in good 
agreement with previous reports.32 The XRD patterns of KGO with byproducts showed 
major peaks corresponding to KGO (JCPDS #85-0966) and minor peaks consisting of K2O 
(labeled ♠), B2O3 (labeled ♦), and GeO2 (labeled ♣) byproducts.37‒39 All the peaks of 
byproducts disappeared after etching in warm water, whereas the peaks of KGO showed 
no obvious change. The diffraction peaks of the 3D-pGe sample at 27.3°, 45.3° and 53.7° 
are mainly attributed to the (111), (220) and (311) lattice planes of high crystalline Ge, 
respectively (JCPDS #04-0545). Brunauer−Emmett−Teller (BET) surface areas of KBGO, 
KGO with byproducts, KGO, and 3D-pGe were 0.59, 0.26, 1.92, and 7.73 m2 g‒1, 
respectively, which showed relatively low surface area because of micrometer-sized 
architectures (Figure 5-2e). The sharp peaks for 3D-pGe and KGO at high relative pressure 
(P/P0 > 0.9) indicated the presence of mesopores. The pore size distribution for 3D-pGe 
showed that sharp peaks ranging from 2 to 4 nm and broad peaks ranging from 5 to 20 nm 
were observed due to micron-scale architecture constructed by Ge nanoparticles (Figure 
5-2f). 
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Furthermore, electrochemical properties of 3D-pGe anode were evaluated where 
discharge/charge galvanostatic measurements were conducted at 25°C. For comparison of 
3D-pGe anode, the micrometer-sized Ge was assembled in the same manner (denoted as 
Bulk-Ge). The characterization results of bulk-Ge were shown in Figure S6. Figure S7 
shows the differential capacity curves of 3D-pGe electrodes where peaks observed in the 
first cycle were slightly shifted in the second cycle due to a formation of SEI layers  and 
an amorphization of Ge crystal. Then, in subsequent cycles, the Ge underwent lithiation 
process at 0.38 and 0.17 V in the cathodic part. For an anodic part, two kinds of peaks 
were developed at 0.49 and 0.60 V related to dealloying process into Ge and Li, showing 
stable peak positions.40,41 The galvanostatic charge/discharge profiles exhibited that the 
bulk-Ge and the 3D-pGe electrodes showed reversible capacities of 1146.5 and 1341.1 
mAh g‒1 at C/20 after a formation cycle with initial Coulombic efficiencies (ICEs) of 89.5 
and 92.3%, respectively (Figure 5-3a). The well-designed morphology and micro-sized 
secondary particles realized such high ICE because the porosity can facilitate the 
electrolyte penetration and the high crystalline Ge can enhance the electrical conductivity 
leading to facile kinetics of electrode.20,42 Besides, the 3D-pGe exhibited excellent rate 
capability even at high C-rate in Figure 5-3b (1 C = 1147 mA g‒1). With the help of 
mesoporous structure providing short Li-ion diffusion length and metallic Ge with 
relatively higher electronic conductivity, the 3D-pGe showed reasonable capacities of 895, 
570, 342, and 255 mAh g‒1 at 1, 5, 10, and 15 C, respectively, whereas bulk-Ge did not 
facilitate the reaction over 10 C. Moreover, the 3D-pGe electrode successfully recovered 
its initial capacity when the C-rate returned from 15 C to C/5 (capacity retention of 98.6% 
compared with initial capacity). In addition, the 3D-pGe electrode delivered outstanding 
cycle retention without any capacity decay at C/5 (Figure 5-3c). Electrochemical 
impedance spectroscopy (EIS) results (Figure 5-3d) and TEM images of cycled samples 
surely verified cyclic performance (Figure 5-3e‒h). 3D-pGe electrode did not show SEI 
layer resistance change corresponding to the stable SEI layer and structure integrity after 
cycling, which induces the high CE performance. In contrast to 3D-pGe electrode, bulk-
Ge experienced uncontrollable resistance increase related to unstable SEI layer as well as 
sluggish kinetics of a charge transfer by nonporous bulky structure. Along with EIS results, 
the structure suffered from cracks because the Li insertion into the active materials induced 
mechanical stress, leading to thick and continuous SEI layer reformation. Also, in whole 
electrode, this structure failure resulted in tremendous change of the electrode thickness 
(over 300%) as compared to the 3D-pGe electrode which exhibited superior stress 
tolerance with 50% thickness change after 100th cycle (Figure S8). This comparison 
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indicates that high-porosity in overall frameworks can suppress the mechanical stress and 
contribute to the stable cyclability through the memory effect of pore sites in Ge-based 
electrode.40  
On the basis of cyclic voltammetry (CV) curves at various scan rates from 0.2 to 5.0 
mV s‒1 in Figure 5-4a and 4b, the behavior of electrode is related to a 
pseudocapacitance.43,44 In Figure 5-4c, the calibrated graph of b-value vs. potential 
elucidates the tendency of the electrode in every voltage state on lithiation. The b-value of 
0.5 means that overall reaction is attributed to diffusion-controlled behavior (faradaic 
current) while b-value of 1.0 ascribes to the contribution of surface-controlled behavior 
(capacitive current) in overall reaction. The power law relationship can be described as 
measured current (i) and scan rate (ν), derived from the following equation.45 
 
𝑖 = a𝜈𝑏     (3) 
 
The 3D-pGe electrode showed higher b-value due to fast kinetics by surface-confined 
reaction process between electrode and electrolyte, which induced the stable cyclic and 
rate performance even at high C-rate.46-48 Furthermore, we calculated the capacity 
contribution of capacitive and faradic current derived from the following equation which 
certainly demonstrates the effect of pore construction.13 
 
𝑖 = 𝑘1𝜈 + 𝑘2𝜈
1/2   (4) 
 
where k1ν and k2ν1/2 indicate the amounts of capacitive and faradaic current in total 
current, respectively. The 3D-pGe electrode consisted of capacitive current of 74% while 
the bulk-Ge electrode showed capacitive current of only 43% at 1.0 mV s‒1 (Figure 5-4d 
and 4e). Besides, the 3D-pGe electrode was more sensitive to the change of scan rates, 
especially in terms of capacitive current as shown in Figure 5-4f, Tables S1, and S2.  
In this regard, it is surely understood that a long-term cycling performance of 3D-pGe 
could show outstanding capacity of 770 mAh g‒1 even at 1 C after 250 cycles with a high 
CE per cycle (>99.5 %) without any supporting materials (Figure 5-5a). For a practical 
application, the full-cell fabricated with LiCoO2 (LCO) cathode and 3D-pGe anode was 
investigated. The initial voltage profile and electrochemical performance of LCO are 
displayed in Figure S9. The galvanostatic charge/discharge profile showed the first 
discharge capacity of 146.1 mAh g‒1 with an ICE of 76.8 % at C/10 (Figure S10). Figure 
5-5b demonstrates that the cell enables to operate at high power density of 365 W kg‒1 
92 
 
(187 W kg‒1 =1 C) and realize energy density of 348 Wh kg‒1. Furthermore, the cell also 
performed 50% capacity retention for 3C with respect to C/5. With the rate durability, the 
cell exhibited at first both high areal and gravimetric capacity (1.6 mAh cm‒2 and 143 mAh 
g‒1) at C/5 as well as capacity retention of 86.8% at C/2 without a dramatic capacity drop 
over 200 cycles (Figure 5-5c). Besides, steadily high coulombic efficiency (average 98.8% 
except for the ICE) of the full-cell in Figure 5-5d. The considerable tap density of 3D-pGe 
sample and durable energy/power density are summarized in Tables S3 and S4, which 
suggests that this material can realize viable large-scale LIBs.  
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Figure 5-1. (a) The schematic illustration for synthetic routes of three-dimensional porous Ge: (i) 
deformation of zeotype-K2B2Ge3O10 to form K2Ge4O9, GeO2, K2O, and B2O3 with heat treatment 
in closed system. (ii) Etching the byproducts of K2O, B2O3, and GeO2 with warm water. (iii) 
Hydrogen reduction of K2Ge4O9 to form three-dimensional porous Ge. SEM images of (b) 
zeotype-K2B2Ge3O10 (denoted as KBGO), (c) composite materials with K2Ge4O9, GeO2, K2O, and 
B2O3 (denoted as KGO with byproducts), (d) K2Ge4O9 (denoted as KGO), and (e) three-
dimensional porous Ge (denoted as 3D-pGe). (f–h) HRTEM image of 3D-pGe. The inset of (h) 
shows FFT image. 
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Figure 5-2. X-ray photoelectron spectroscopy (XPS) spectra for KBGO, KGO with byproducts, 
KGO, and 3D-pGe of (a) K 2p, (b) B 1s, and (c) Ge 3d. (d) X-ray diffraction (XRD) patterns. (e) 
BET surface area calculated from nitrogen (77 K) adsorption–desorption isotherms, denoted by 
solid/hollow square symbols, and (f) their corresponding pore size distribution of 3D-pGe. 
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Figure 5-3. The electrochemical performance of half cells. (a) Galvanostatic charge/discharge 
profile at C/20 and (b) rate capability at various current rates (rate of charge = rate of discharge). 
(c) Cycle retention at C/5 during 150 cycles. (d) Nyquist plots of bulk Ge and 3D-pGe electrode 
after the 1st and 100th cycle. The inset corresponds to the equivalent circuit. TEM images of (e 
and f) bulk-Ge and (g and h) 3D-pGe after the 100th cycle. 
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Figure 5-4. CV curves of (a) 3D-pGe and (b) bulk-Ge electrodes at various scan rates. (c) 
Calibrated curve of b-value vs. voltage. Contribution of capacitive current for (d) 3D-pGe and (e) 
bulk-Ge at 1.0 mV s-1. (f) Capacitive current contribution of 3D-pGe and bulk Ge depending on 
scan rates. 
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Figure 5-5. (a) Cyclic performance of 3D-pGe anode at 1C. Electrochemical properties of a 3D-
pGe/LCO full-cell. (b) The plots of energy density and rate performance depending on power 
density. (c) Cycle retention at C/5 and C/2. (d) C.E. distribution for each cycle corresponding to 
(c). 
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5.4 Conclusion 
 
In summary, we firstly prepared Ge-based zeolite-type compound and synthesized 3D 
porous Ge materials, micron-scale architecture, constructed by nanostructured Ge particles 
via a thermal deformation of artificial Ge-rich zeolite, etching with warm water, and 
subsequent hydrogen reduction. The 3D-pGe sample was synthesized with high-porosity 
in overall framework without using the harmful etchant and assistance of removable or 
sacrificial templates. This anode material showed the following advantages including (i) 
effective facilitation of electrolyte penetration, (ii) fast Li-ion/electron transfer, (iii) 
alleviation of the volume expansion during electrochemical test, and (iv) enhancement of 
pore reversibility. Therefore, the resulting 3D-pGe exhibited a high capacity with excellent 
CE without any supporting materials. In particular, the 3D-pGe electrode with high 
capacitive current contribution showed excellent rate capabilities with 895, 570, 342, and 
255 mAh g‒1 at 1, 5, 10, and 15 C, and followed by well-recovered capacity when the 
current rate returned to C/5 (98.6% capacity recovery). In addition, a full-cell of 3D-pGe 
anode paired with LCO cathode exhibited the enhanced electrochemical properties 
showing 348 Wh kg‒1 (365 W kg‒1 at maximum) and high efficiency of average 98.8% 
without a dramatic capacity decay over 200 cycles. The significance of this strategy opens 
up a simple, inexpensive, and scalable method to produce porous Ge materials from zeolite 
for energy storage applications. 
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6. Summary and outlook 
 
Lithium-ion batteries serving high energy and power density are recently under tremendous 
development for large-scale energy storage system. High energy anode materials particularly like 
silicon (Si) and germanium (Ge) have been become the object of the breakthrough to overcome 
issues of present lithium-ion batteries. However, the simple high energy system cannot deal all of 
demands in practical battery for high power and long lifespan as well as high energy. With the 
dimensional and structural control, the system has been materialized to meet the specific purpose 
of desired electrochemical results. Thus, the correlation of various dimension and structural 
modification with the specific electrochemical properties are summarized in here to generally 
suggest the further research guideline concerning dimensional design of anode materials.  
In recent trends in nanoscale Si, the electrodes are favorable to less volume expansion on 
repeating cycles and still receive the help from additional conductive matters due to unchanged 
intrinsic properties of electronic/ionic conductivity. However, the initial coulombic efficiency and 
reversible capacity in essential aspect of practical battery performance decrease because higher 
volume-to-surface ratio cause spacious SEI layer formation on nanosized structures. 
Nanostructured Si was summarized in Figure 6-1 concerning initial coulombic efficiency and 
reversible capacity in the function of dimensions.1-15 The capacities show wide range because 
various supporting matters and amounts are combined with nanosized silicon to enhance prolong 
electrochemical properties. The electrodes in general exhibit poor initial coulombic efficiency as 
mentioned structural factors. Among nanosized Si dimensions, 0D Si can more manageable 
dimensions and capacities owing to versatile methods for the collaboration with foreign matters 
to serve the purpose. Meanwhile, 2D Si shows relatively higher coulombic efficiency 
corresponding to searched results compared to other dimensions. It might be attributed to lower 
surface area of two-dimensional nanostructure.16 
Microsized Si anodes are mostly designed as 0D and 3D through secondary particles integrity 
or naturally obtained microparticles (Figure 6-2).17-20 Further, they possess high volumetric 
capacity/tap density/cost effectiveness compared to nanosized Si anodes. Instead, those 
microsized structures require buffer/conductive pathway due to high absolute volume change 
value to keep the advantage, high initial coulombic efficiency and high areal capacity related to 
much lower surface area. Nevertheless, real microsized Si composite anodes are still under 
research level because these barely produce high power density due to long diffusion length into 
core Si atoms.  
As the other candidates, Ge materials feature 400 and 104 times higher Li diffusivity and 
105 
 
electronic conductivity rather than Si.21 Further, they shows similar working potential (0.5 V, 
compared to Si; 0.4 V vs. Li/Li+) and theoretical volumetric capacity (8645, compared to Si; 
9781Ah L-1 in form of Li22M, M = Si, Ge) with Si anodes.22 However, Ge anodes unfortunately 
suffer from lower intrinsic issue for electronic/ionic conductivity and large volume expansion. So, 
Ge have been generally tried to develop unsettle issues in lithium-ion batteries through the 
dimensional designs, same as Si anodes. In this regard, Ge anodes are also summarized in Figure 
6-323-34 and 6-435-38 related to each nanoscale and microscale. They display similar factors to 
address each undesired electrochemical result as mentioned for Si case.   
Consequently, for Si/Ge anode approaches in intensive opinion, it is essential to study 
secondary microparticles consisting nano-level design of Si/Ge-based composites for achieving 
high power density as well as high energy and initial coulombic efficiency.  
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Figure 6-1. The ragone plot of nanostructured silicon concerning dimensions.1-15 
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Figure 6-2. (a) Initial reversible capacity and (b) coulombic efficiency of various 
microsized silicon anodes.17-20  
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Figure 6-3. The ragone plot of nanostructured germanium concerning dimensions.23-34 
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Figure 6-4. (a) Initial reversible capacity and (b) coulombic efficiency of various 
microsized germanium anodes.  
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